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Foreword

The ACS Symposium Series was first published in 1974 to provide a
mechanism for publishing symposia quickly in book form. The purpose of
the series is to publish timely, comprehensive books developed from the ACS
sponsored symposia based on current scientific research. Occasionally, books are
developed from symposia sponsored by other organizations when the topic is of
keen interest to the chemistry audience.

Before agreeing to publish a book, the proposed table of contents is reviewed
for appropriate and comprehensive coverage and for interest to the audience. Some
papers may be excluded to better focus the book; others may be added to provide
comprehensiveness. When appropriate, overview or introductory chapters are
added. Drafts of chapters are peer-reviewed prior to final acceptance or rejection,
and manuscripts are prepared in camera-ready format.

As a rule, only original research papers and original review papers are
included in the volumes. Verbatim reproductions of previous published papers
are not accepted.

ACS Books Department
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Preface

With the soaring of global oil prices and global warming, energy crisis
has become a pressing issue that challenges everyone’s standard of life,
societal security, economy, and even global environment. Advanced functional
materials including polymer nanocomposites start to play an unprecedented
role in our ultimate objective of sustainable and clean energy production,
energy transportation, storage, and end usage. A number of developments
and achievements in polymer nanocomposites have been documented during
the past decade. Nevertheless, a focus on applications of functional polymer
nanocomposites for energy storage and conversion, which are emerging research
topics worldwide, has not yet been introduced in previous ACS meetings
or associated symposium series books. The objectives of this timely ACS
symposium series book are multifold. 1) This symposium book is to highlight
the frontier scientific research and technologies in polymer nanocomposites
for energy storage and conversion from international and the U.S. academic
institutions and industries in recent years. 2) It is our purpose to enlighten the
future development and directions of polymer nanocomposites for energy storage
and conversion. 3) This symposium book endeavors to enhance the national
awareness of the feasibility and importance of polymer nanocomposites for energy
storage and conversion. This symposium book focuses on three contemporary
energy topics: electric energy storage, fuel cells, and photovoltaics.

Polymer Nanocomposites for Electrical Energy Storage

Nowadays, electrical energy storage has become increasingly important in
our daily life, not only because of its versatile utilization in mobile electronic
devices such as cell phones, lap-top computers, and personal digital devices, but
also due to its new applications in transportation (i.e., electric vehicles, ships, and
airplanes), power conditioning, pulsed power, and effective commercialization of
renewable resources such as solar and wind power. The demanded storage size
ranges from milliwatts for sensors to megawatts for large power conditioning or
load-leveling stations. Basic electric energy storage devices include batteries,
double-layer electrochemical capacitors (supercapacitors and pseudocapacitors),
dielectric capacitors, and fuel cells. In general, batteries have a high energy
density (Wh/kg or Wh/m3), but their power density (W/kg or W/m3) is low. On
the contrary, capacitors have a high power density but a low energy density. Both
of them can find appropriate end uses, depending on the ultimate need.

ix
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In this symposium book, we focus on polymer nanocomposites for dielectric
capacitor applications. The current state-of-the-art dielectric (or solid-state)
capacitors (e.g., biaxially oriented polypropylene) suffer from relatively low
energy density because of their relatively low dielectric constants. Enhancing
dielectric constant but retaining high dielectric breakdown and reasonably
low dielectric loss are the major challenges in this field. Currently, polymer
nanocomposites impregnated with high dielectric constant ceramic nanoparticles
hold a promise of increasing the film dielectric constant. The challenges are how
to tailor the polymer-ceramic nanoparticle interfaces to retain high dielectric
breakdown and low dielectric loss. Rational nanomaterials synthesis and
processing to ensure uniform dispersion of nanoparticles and tailored interfacial
properties are endeavored.

Polymer Nanocomposites for Fuel Cells

Intense academic and industrial research efforts have focused on
proton-exchange membrane fuel cells (PEM FCs) due to the promise of
commercialization and mass production. Although PEM FCs have great
commercial potentials, significant technical challenges still await technological
resolution and improvements, such as retaining high proton conductivity at
high temperatures and low relative humidity, reducing mechanical and chemical
degradation, better water management, etc. Modification of polyelectrolyte
membranes to permit operation at high temperature and low relative humidity
appears to be a promising strategy. To pursue this goal, different approaches
have been investigated, such as 1) selecting alternative high performance
polyelectrolyte membranes based on solid-state proton conductive materials; 2)
modifying PEMs with hygroscopic inorganic materials to improve their water
retention property at temperatures above 100 °C; and 3) modifying PEMs with
inorganic proton conductors to obtain reasonable proton conductivity which will
be hardly dependent on the water contents. Although synthesis of new high
performance proton conductive polymers for PEM FC applications is promising,
many molecular and structural parameters are difficult to manipulate and obtain
high fuel cell performance. An alternative approach to achieve high proton
conductivity in PEMs at reduced relative humidity is polymer nanocomposite
membranes. Incorporation of hygroscopic inorganic materials such as silica
into PEM membranes may retain water in the membranes, and thus keep high
proton conductivity at high temperatures. Most approaches have focused on
the incorporation of hydrophilic inorganic proton-conducting dopants into PEM
membranes, such as heteropolyacids (HPAs) and isopolyacids (IPAs). HPAs are
the acid form of heteropolyanions and have extremely high proton conductivity
up to 0.2 S·cm−1 at 25 °C. Examples of HPAs are phosphotungstic acid (PTA),
silicotungstic acid (STA), phosphomolybdic acid, silicomolybdic acid, and
layered phosphates such as zirconium hydrogen phosphate, tungsten hydrogen
phosphate, and vanadium hydrogen phosphate. These solid acids can also assist
in the improvement of thermal and mechanical stability, water absorption, and
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resistance to reactant crossover. In addition, metal and metal oxide nanoparticles
can be incorporated into polyelectrolyte membranes to reduce radical degradation
via hydrogen peroxide.

Polymer Nanocomposites for Photovoltaics

Direct conversion of sunlight into electricity has been explored for decades
as a source of clean alternative energy, with wafer based silicon solar cells
being the most common type of cells in today’s solar energy market. Solar
energy currently contributes much less than 1% to the U.S. energy portfolio
because silicon-based devices are still expensive on a cost per Watt basis due
to the costly materials processing that is required. There has been considerable
interest recently in the development of photovoltaic devices in which the active
matrix consists of conducting polymers. This interest has been motivated by
the potential of organic polymers to offer economic viability for solar energy
conversion owing to their inherent advantages of low cost, ease of processing,
and light weight. An encouraging breakthrough for the high efficiency of
optical-to-electrical power conversion has been achieved in cells fabricated
using organic-inorganic hybrid structures, in which inorganic semiconductor
nanocrystals are introduced to utilize their high electron mobility and overcome
charge-transport limitations associated with organic polymers. These hybrids
allow remarkable electronic and optical properties of organic semiconductors to
be combined with their inorganic counterparts, thus presenting great opportunities
for unique photophysical, photochemical, and electrochemical properties. In
organic solar cells, excitons, created by the absorption of light, must be able
to diffuse to the interface between the p-type conjugated polymers and n-type
inorganic nanocrystals where charge separation can occur to generate free charge
carriers. As the exciton diffusion length in organic materials is often limited
to about 10 nm, a bicontinuous and nanoscopic phase-separated mixture of
conjugated polymers and nanoparticles is thereby favorable for charge creation
and transport. In order to exploit the cooperative electronic and optical properties
of nanoparticles and conducting polymers, the construction of appropriate
polymer nanocomposite assemblies with an accurate control of the spatial
organization over a range of length scales becomes necessary. The efficiency of
single layer organic solar cells has reached a plateau in recent years with devices
based on the composite of regioregular poly(3-hexylthiophene) (RR-P3HT) and
methanofullerene [6,6]-phenyl C61-butyric acid methyl ester (PCBM) yielding
the highest performance. These devices are able to collect over 90% of the
photo-generated charge carriers under short circuit conditions, although the
collection efficiency drops considerably at the maximum power point. Current
efforts to optimize the efficiency of organic solar cells have largely focused on
improving the overlap of the optical absorption spectrum of the polymers with
the terrestrial solar spectrum and on maximizing the open-circuit voltage of
the devices. This symposium book will present the latest progress on design,

xi

D
ow

nl
oa

de
d 

by
 8

9.
16

3.
35

.4
2 

on
 J

un
e 

21
, 2

01
2 

| h
ttp

://
pu

bs
.a

cs
.o

rg
 

 P
ub

lic
at

io
n 

D
at

e 
(W

eb
):

 M
ar

ch
 1

1,
 2

01
0 

| d
oi

: 1
0.

10
21

/b
k-

20
10

-1
03

4.
pr

00
1

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 



synthesis and characterization of polymer nanocomposites for organic-based solar
cells.

The financial supports for this symposium from ACS Division of
Polymeric Materials Science and Engineering and National Science Foundation
(DMR-0936980) are highly acknowledged.

Qing Wang
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814-863-0042 (telephone)
814-865-2917 (fax)
wang@matse.psu.edu (e-mail)

Lei Zhu
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Chapter 1

Nanostructure-Level Modeling of Nonlinear
Energy Storage in Polymer-Ceramic

Nanocomposites

Jeffrey P. Calame*

Electronics Science and Technology Division, Naval Research Laboratory,
Washington, DC 20375

*Jeffrey.calame@nrl.navy.mil

Three-dimensional finite difference dielectric simulation
routines have been developed to predict the overall dielectric
behavior of a composite, based on the constituent properties
and a computer representation of the micro- to nanostructure.
The methodology allows for a nonlinear dependence of
constituent polarization vs. the local electric field. Studies
on nonlinear titanate-like inclusions in a linear matrix have
been performed for both spheres-in-a-simple-cubic-lattice
(SSCL) and randomly positioned spheres configurations. For a
relatively low saturation inclusion material (similar to simple
titanates), when arranged in a SSCL fashion at filling fraction p
= 0.3 in a matrix with a dielectric constant of 12, the composite
energy storage is reduced by nonlinear effects from the expected
2.5 J/cm3 down to 1.04 J/cm3 at 140 V/micron applied field.
The energy storage situation is improved by using inclusions
with 5 times higher saturation polarization, reaching 10 J/cm3

at p = 0.4 with 300 V/micron applied field.

Introduction

A critical issue in composite dielectrics is the prediction of the overall
properties of the composite based on constituent properties. Given a
microstructure or nanostructure of the composite, one would like to be able
to predict, using computer simulations, the real and imaginary parts of the

© 2010 American Chemical Society
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small-signal dielectric permittivity (ε′ -jε′′), the energy storage at high electric
fields, etc., without resorting to free parameters. The ultimate goal is the complete
modeling of composite materials for capacitors, including both micro- and
nanoscale features (individual particles, ensembles of particles in a matrix) and the
truly nanoscopic features (interfacial effects, coatings, local dipolar interactions
in surface layers, etc.). Such a capability would allow experimental synthesis
to be focused on the most promising structural approaches, without the need to
physically test each idea. It would also be critical for understanding tradeoffs
between competing requirements, for example energy storage vs. breakdown.
Within a specific class of micro- or nanostructures, the computational capability
would provide explicit guidance to synthesis efforts, for example allowing the
intelligent selection of particle shapes, loading fractions, surface coatings, and
hierarchical assembly strategies. Finally, the computational techniques will
provide a means of understanding experimental results on existing and new
materials.

Historically, most of the modeling of this type has been based on small
signal, linear dielectric permittivities for the constituents. This is appropriate for
conventional polymer dielectric materials like polypropylene, which is highly
linear even at high electric field strengths, and for many other materials at low
electric field strengths. However, many emerging materials being considered
for high density energy storage applications are either ferroelectric, paraelectric,
or antiferroelectric. Examples include PVDF polymers, P(VDF-TrFE-CFE)
terpolymers, and titanate ceramics. Hence, the linear assumption is ultimately not
appropriate, and needs to be replaced with full nonlinear modeling.

This chapter describes the modeling of the overall polarization and
energy storage behavior of particulate composites, in situations that include a
representative nonlinear dependence of constituent polarization vs. the local
electric field. The formalism at present does not include hysteresis. Therefore, it
is appropriate for nonlinear paraelectrics during both charging and discharging,
but for ferroelectrics it is only applicable for charging from an initial uncharged
state. Studies on nonlinear titanate-like inclusions in a linear polymer matrix are
performed for both a spheres-in-a-simple-cubic-lattice (SSCL) configuration and
for a randomly positioned spheres configuration. The behavior of the composite
energy density as a function of applied field receives particular attention.

Simulation Methodology

The modeling of permittivity in spherical particle composites for the linear
constituent case has been described thoroughly in a prior publication (1). In brief
summary, the geometry of a portion of the micro- or nanostructure, including
background matrix material and particle shapes, orientations, and arrangements,
is represented in a three dimensional cellular model space (nd cells/axis, nd3 total
cells). The dielectric permittivity of the model space is computed using finite
difference quasi-electrostatic simulations. The appropriate bulk permittivities at
the frequency of interest are assigned to the individual cubical model space cells

2
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depending on whether the cell is filled (i.e. within a particle) or is background
matrixmaterial. Located at the vertices between these cells are grid points at which
potentials will be computed. The potentials on the top and bottom faces of the
overall model space are fixed at a values of 1.0 and 0, respectively, to represent an
externally applied voltage to the microstructure. Symmetry conditions are applied
to the sides of the model space. To obtain the solution, the potentials and electric
fields are found by iterative enforcement of Gauss’ Law at each grid point until
convergence is obtained. The effective composite permittivity εc in this linear
situation is found from the ratio of boundary charge on the bottom (or top) of the
model space to the applied potential.

For the new nonlinear studies, in which the constituents are assumed to
have nonlinear polarization versus applied field characteristics, a significantly
modified approach was used. In the new formulation a vector displacement
D vs. vector E relationship is assumed in which D is in the same direction as
E, but the magnitude of D is a nonlinear function f of the magnitude of E. In
this initial approach hysteresis is not included, so only nonlinear paraelectrics
(or ferroelectrics charging from an uncharged state) can be modeled, but the
formulation will be broadened in the future to include hysteresis and thus both the
charging and discharging of ferroelectrics. One still retains the finite difference
approach, based on simultaneously enforcing Ñ•D=0 at the vertex points of each
cell. However, to include nonlinear behavior in the models, the formulation is
changed to allow D=f(|E|)(E/|E|). In the new formulation, one defines a related
secondary function g for each of the materials as the ratio of the magnitude of
D to the magnitude of E, so that D = g(|E|)E. Thus, the finite difference model
will now solve the system of equations enforcing Ñ•(g(|E|)E)=0. When enforcing
this at the vertex points during solution, one must take the average electric field
within each of the model space cells surrounding the vertex, and compute the
field-dependent value of g in each cell using a lookup table approach, with the
appropriate curve selected to correspond to the material composition of the cell.
The process is iteratively repeated throughout the model space until convergence
is obtained. Following this, the energy storage density is computed using the
integrals of E•dD within each cell and then summing these over then entire model
space.

Results

A simple model of the polarization curves for nonlinear titanate-like ceramic
inclusions was used for the studies, as shown in Fig. 1. The curves are based on
a hyperbolic tangent functionality. Two cases are shown with different saturation
polarizations, the lower one having a saturated surface charge density of 0.0287
Cm−2 (similar to single cation titanate ceramics), and with the higher one being
possibly representative of more idealized materials (compound cation titanate
ceramics) with a saturated surface charge density of 0.15 Cm−2. Both curves have
an initial (low field) relative permittivity of 1200.

3
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Figure 1. Assumed nonlinear polarization curves for inclusions with two different
saturation polarizations.

Finite difference simulations were performed for a SSCL configuration of
nonlinear inclusions in a background polymer, where the background polymer had
a perfectly linear dielectric constant of 12. The geometry is shown in Fig. 2(a) and
(b). The nonlinear simulation results for the composite behavior are shown in Fig.
2(c), where the inclusions are assumed to exhibit the low-saturation D vs. E curve
of Fig. 1. The volumetric filling fraction p of the spheres is 0.3. Also shown for
comparison is the result if the inclusions hypothetically maintained their linear low
field permittivity of 1200. Very clearly the effect of the nonlinear behavior is to
cause much less energy to be stored than expected based on the linear calculation.
The nonlinear calculation shows the expected quadratic dependence at low fields,
below about 50 V/µm. However, at higher fields, the increase in energy density
slows down towards a behavior that is roughly linearly proportional to applied
field. The effect is very significant; at 140 V/µm applied field, the nonlinear
composite energy storage is 1.04 J/cm3 compared to the 2.5 J/cm3 expected if the
system remained linear.

Studies of nonlinear energy storage in the SSCL ceramic-polymer composite
(with the low-saturation polarization ceramic inclusions) as functions of filling
fraction were also carried out, for a wide range of applied electric fields. The
results are shown in Fig. 3. Unlike in the linear case where an increase in filling
fraction raises the permittivity and thus the energy storage, the nonlinear case is
more complicated. Instead, at low applied fields, raising the filling fraction will
first increase the energy storage, and then after some optimum, further increases in
p will reduce the energy storage. For example, in Fig. 3, at 50 V/µm the optimum
filling fraction is about 0.4, while at 125 V/µm the optimum p is only about 0.2.
Above a certain applied field, there is no optimum, and any nonzero value of p is
deleterious.

Only relatively low stored energy densities have been shown to be achievable
with composites having inclusions with a saturation polarization of 0.0287 Cm−2

(Psat /ε0 = 3240V/µm). To achieve higher stored energies, inclusions having higher
values of Psat are needed. This is likely possible with more complex titanates than
those behaving similarly to plain barium titanate. If a saturation polarization of
0.15 Cm−2 (Psat /ε0 = 17,000 V/µm) could be achieved, as depicted by the dashed
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Figure 2. (a) Schematic of SSCL configurations of inclusions in a polymer
matrix, (b) simulation geometry of single spherical inclusion plus symmetry
boundary conditions, and (c) results of nonlinear finite difference simulations
of the ceramic-polymer composite energy storage (solid line) in comparison to

linear results (dashed line).

Figure 3. Nonlinear ceramic-polymer composite energy storage in a SSCL
configuration, when the inclusions have the low saturation D vs. E curve

curve in Fig. 1, then the energy storage situation improves markedly. Nonlinear
calculations were carried out for a SSCL configuration using the inclusions with
the higher saturation polarization. Figure 4 shows the stored energy vs. filling
fraction, for a wide range of applied electric fields. At 208 V/µm, the stored energy
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Figure 4. Nonlinear ceramic-polymer composite energy storage in a SSCL
configuration, when the inclusions have the high saturation D vs. E curve.

increases substantially as the filling fraction is increased from 0 to the optimum
value of p ~ 0.45 for that field. Even at the highest field studied, 500 V/µm, there
still exists a clearly defined optimum value of filling fraction for energy storage,
which is near p = 0.4 (yielding 18.6 J/cm3). The numerical values of stored energy
are much more encouraging throughout the plot, reaching above 10 J/cm3 over a
wide range of parameters.

Finally, comparisons have been made between randomly positioned sphere
configurations and SSCL configurations. The overall behavior is very similar to
Fig. 4, except that the optimum energy storage is obtained at somewhat lower
values of p in the random case in comparison to the SSCL case. For example, at
500 V/µm, as can be seen in Fig. 5, the optimum p drops to about 0.25. However,
the optimum energy density in the random case at p ~ 0.25 is 17 J/cm3 at 500
V/µm, which is somewhat less than the optimum value of 18.6 J/cm3 at p ~ 0.4 in
the SSCL case at the same applied field. Thus, there appears to be a very slight
advantage to the SSCL ordered arrangement compared to the random arrangement,
when nonlinear energy storage is considered.

Summary

Simulations of the energy storage of particulate composite dielectrics have
been performed for the situation in which nonlinear inclusions are dispersed in
a linear dielectric matrix. A hyperbolic tangent model for the nonlinear D vs. E
behavior of the inclusions, without hysteresis, was assumed. Nonlinear behavior
has a strong influence on the composite energy storage, including significant
reductions in energy density if the inclusion saturation polarization is not high
enough. Specifically, for a relatively low saturation inclusion material (Psat =
0.0287 Cm−2, similar to simple titanates), when arranged in a SSCL fashion
with filling fraction p = 0.3 in a matrix with a dielectric constant of 12, the
composite energy storage is reduced by nonlinear effects from the expected
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Figure 5. Nonlinear energy storage comparison between random spheres (soild
lines) and SSCL (dashed lines) configurations for two values of applied electric

field, when the inclusions have the high saturation D vs. E curve.

2.5 J/cm3 down to 1.04 J/cm3 at 140 V/µm applied field. However, the energy
storage situation is markedly improved by using inclusions with 5 times higher
saturation polarization (Psat = 0.15 Cm−2, likely achievable with compound cation
titanates), reaching 10 J/cm3 at p = 0.4 with 300 V/µm applied field and 15 J/cm3

with 400 V/µm. Additional research is needed to further quantify the impact of
particle arrangements. Further work is also required to include hysteresis in the
polarization curves and repeat the calculations in the various geometries.
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Chapter 2

Nanodielectrics for Energy Storage from First
Principles Computations

N. Shi1 and R. Ramprasad*,2

1Shocking Technologies, Inc., 5870 Hellyer Ave, San Jose, CA, USA
2Chemical, Materials and Biomolecular Engineering, Institute of Materials

Science, University of Connecticut, Storrs, CT, USA
*rampi@ims.uconn.edu

First-principles computational methologies are presented to
study the impact of surfaces and interfaces on the dielectric
and electronic properties of dielectric nanocomposites
at the nanoscale. The two important factors controlling
energy strorage capacitbity, dielectric constant and dielectric
breakdown strength, are specifically addressed. The variation
of dielectric constant across SiO2-polymer interfaces has been
correlated to interfacial chemical bonding enviorments, using
the theory of the local dielectric permittiviy. The local electronic
structure variation across SiO2-polymer interfaces, including
band bending, band offsets and the creation of interfacial
trap states have been demonstrated using a layer-decomposed
density of states analysis. The enhancement of dielectric
breakdown strength is understood qualitatively in termas of
interface electronic structure and electron-phonon interactions.

Introduction

Dielectric materials play a dominant role in modern electronics and electrical
power systems due to their capability for storing and controlling electrical
energies. As the requirements grow for highly miniaturized, more reliable,
electrical power systems, as well as energy storage capacitors, development of
high power and energy density dielectric materials becomes a major enabling
technology (1–3). Among various dielectric materials, polymers are presently

© 2010 American Chemical Society
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the materials of choice for energy storage applications because of their relatively
high energy density, high electric breakdown field, low dielectric loss, fast speed,
flexibility, easy processablity, and graceful failure.

Driven by a need for increased electrical energy density in polymeric
capacitor thin films, the scientific and technological communities are in the midst
of a vigorous search for methods of increasing the dielectric constant and/or
dielectric breakdown strength of polymeric thin films. Among the means of
achieving these goals are (1) creating polymer-inorganic nanocomposites, and (2)
polymeric multi-layers.

Regardless of the approach, a fundamental understanding of the factors that
control electronic and dielectric properties in polymers, and the new opportunities
and challenges offered by interfaces and nanomaterials is essential to make
further progress. Phenomena such as charge conduction, dielectric response, and
dielectric degradation or breakdown are the result of complex and numerous
critical processes operating at multiple temporal and spatial length scales. For
example, the response of the capacitor dielectric to an external electric field will
be determined by the presence of defects states, in addition to the polarization
contributions due to ions and electrons of the system. More importantly, as
feature sizes or dimensions in multiple component systems shrink to the atomic
or nanoscale, the structure and chemistry at interfaces, and size-dependent
alternations in the properties of the nano-sized systems, become important and
can sometimes dominate the overall properties. For instance, while atomic
level interfacial features such as dangling bonds, under- or over- coordination,
multiple oxidation states, impurities, etc., may be less important in larger scale
systems owing to the smaller volume fraction occupied by the interfacial region,
the consequences of such effects especially on electrical properties can reach
unanticipated magnitudes in nanoscale systems (4–7). Thus it is important
to characterize the electronic and dielectric properties of interface-containing
materials in the nanoregime.

In this paper, we will present recent developments in the ab initio
computational modeling arena, which constitute an initial understanding of the
relationship between interfacial structure and properties, including interfacial
polarization, dielectric response and electronic structure. Specially, (i) the extent
to which surface/interface effects modify the static and optical local dielectric
permittivity, (ii) the evolution of the local electronic structure across interfaces as
a function of position, and (iii) electron-phonon interaction, are addressed.

Methods and Models

An accurate treatment of physical systems at submicroscopic scale (atomic/
electronic level) can only be accomplished through the use of quantummechanics.
The electronic energies and the associated electronic wave functions from quantum
mechanics allows for the determination of physical quantities such as stability of
atomic structure, vibrational and phonon frequencies, force constants and elastic
moduli, and so on. Quantum mechanics-based calculations have an additional
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appeal due to the fact that they are inherently parameter-free and do not rely on
any experimental input other than the values of the electronic and ionic charges
and masses, and so have been variously called as “First principles” or “ab initio”
methods (8–11).

Of all the quantum mechanics-based methods currently in use, density
functional theory (DFT) provides an efficient, accurate and fundamental route
to the ab initio numerical computation of electronic, atomic, molecular and
solid-state properties (8–11). It offers the best trade-off between practicality
and accuracy at the present time for the parameter-free computation of several
ground-state properties, such as the total energy, charge density, and atomic
forces, as well as structural, vibrational, thermochemical and dielectric properties.

Within DFT, the following eigenvalue equation is solved:

where the first term in brackets represents the electronic kinetic energy (with ∇
being the gradient operator), and the second term, Veff(r), represents the effective
potential energy seen by an electron. Veff(r) contains all the electron-electron and
electron-nuclear interactions, as well as the potential due to an external electric
field. ψ and ε are the electronic wave functions and energy, respectively.

All calculations reported here were performed using the local density approx-
imation (LDA) or the generalized gradient approximation (GGA) within DFT as
implemented in the local orbital SIESTA (11) code. Within these implementations,
the electronic wave functions are expanded either using a set of local functions
or plane waves. Electron-ion interactions are represented using suitable pesudo-
potentials, one for each element. As validation of the results of DFT computa-
tions, structural parameters for the selected model systems relevant to this work
are provided in Table 1, and compared with experiments. Results on Si, two dif-
ferent phases of silica and hafnia, polyethylene (PE), and poly vinyledene fluoride
(PVDF) are listed. As can be seen DFT is able to predict structural details with
reasonable accuracy.

Dielectric Response at Interface

Owing to the fundamentally different chemistries at surfaces and interfaces
compared to the bulk part of a material, the dielectric response is expected to be
different in these regions. In fact, our recent work on the scaling with thickness of
the dipole moment induced due to an external electric field in ultra-thin SiO2 and
HfO2 slabs has resulted in the realization that the dielectric properties in the surface
regions are considerably different from those of the bulk (17, 18). Nevertheless,
a quantitative estimation of the dielectric constant or polarization at surface and
interface regions was not possible using this approach.

More recently, we have introduced a practical method for the calculation
of the position dependent dielectric permittivity of multilayer systems in the
presence of finite electric fields (19, 20). These techniques go beyond the
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Table 1. Comparison of calculated structural parameters of bulk Si, SiO2,
HfO2, PE, PVDF, and vinlysilanediol with experimental values. All distances

are in Å. Data are from (17, 18) and references therein

System Lattice constant
/bond length

DFT Expt.

Si a 5.43 5.43 (12)

SiO2 (α-quartz) a/c 4.91/5.41 4.92/5.41 (13)

SiO2
(b-cristobalite)

a 7.49 7.17 (14)

HfO2 (cubic) a 5.02 5.08 (15)

HfO2 (tetragonal) a/c 4.99/5.06 5.14/5.25 (15)

PE C-C/C-H 1.51/1.12 1.54/1.10 (16)

PVDF C-H/C-F 1.09/1.36 1.10/1.34 (16)

Vinylsilanediol C=C/Si-C/Si-H 1.34/1.83/1.51 1.34/1.89/1.48 (16)

traditional ways of determining the dielectric permittivity of bulk (21–25) and
superlattice (26) systems. The simplicity of this latter method to determine the
local position dependent permittivity arises from the fact that most standard
DFT implementations can be used as-is without the need for additional major
code development; more importantly, this approach can treat finite systems such
as slabs, with the bulk dielectric properties (optical and static) resulting as a
by-product. A local permittivity function was introduced to describe variations
of the dielectric response over length scales of the order of interatomic distances,
which can conveniently be calculated from the local field induced self-consistent
charge density profile. The optical part of the position dependent polarization and
permittivity is obtained in terms of the field-induced displacements of just the
electronic charge density with the ions held fixed at their field-free equilibrium
positions, while the static part is determined from both the induced electronic and
ionic displacements.

The local microscopic dielectric polarization (r) can be obtained from the
field induced charge density ρind(r) through the in-mediumMaxwell equation (27):

In the case of multi-layered (1-dimensional) systems with the layers oriented
along the x-y plane, such as those considered here, Equation (2) reduces to:

where p̅(z) and ρ̅(z) are the polarization and induced charge density along the z-
axis, respectively, averaged along the x-y plane. The induced charge density ρ̅ind(z)
can be evaluated as the difference of the total charge densities due to positive (+δ)
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and negative (-δ) external electric fields along the z direction. In the present work,
δ was chosen to be 0.01 V/Å. The solution of Equation (3) is the following:

For the case when our slab system is located about the z = 0 plane, the constant
p̅-∞ can be set to zero as it corresponds to the polarization at -∞, a region where
charge density is zero.

Using the above procedure, both the optical (high frequency) and the static
(low frequency) microscopic polarization can be calculated, respectively, by either
allowing just the electrons, or both the electrons and the atoms, to respond to
the applied external electric field, Eext. The local permittivity profile can then be
computed from the local polarization using:

The optical and static local permittivities can be obtained from p̅(z)
corresponding to the optical and static cases, respectively (19, 20). Further
details about the theory of the local dielectric permittivity can be found elsewhere
(20–22).

Dielectric Response at Interfaces

Polymeric systems constitute an important class of materials for capacitor
and insulation technologies (27). Nevertheless, a quantitative understanding of
the electrical response of such systems is still lacking (28, 29). Nanocomposites
made by blending oxide nanoparticles with polymers are known to display higher
effective permittivities than expected from the permittivities of the components,
indicating the role played by enhanced interfacial polarization (30–34). Here, we
explore factors that could result in such permittivity enhancements in polymeric
systems.

The SiO2-polymer interface system considered here is composed of SiO2 in
the α-quartz phase of thickness 15.96 Å, and the polymer chain was approximated
by a C12H26 molecule. Figure 1 shows the dielectric constant as a function of
position along the SiO2-polymer interface normal. Similar behavior of dielectric
constant is observed as with the Si–SiO2 interface. The agreement is excellent for
the dielectric constant in the interior region of SiO2 and polymer (C12H26) with
the corresponding experimental single component bulk values, and the dielectric
constant on the SiO2 side of the interface is enhanced. Analysis of the Mulliken
charges of the atoms indicates that C atoms closest to the interface are in their
nominal oxidation states (i.e., in oxidation states similar to that of C atoms in the
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interior of the polymer chain), whereas the Si and O atoms close to the interface
are in varying oxidation states similar to that in the Si–SiO2 case (18).

Our conclusion of permittivity enhancement at the interface is thus consistent
with some prior experimental work (33). Nevertheless, an important point needs
to be made. The SiO2-polymer system modeled here corresponds to a situation
in which the SiO2 surface is “untreated” (which is the experimental situation
involving “blends” as in (33). However, typical polymeric nanocomposites
are made using silane-treated SiO2 (2, 34–36). Silane treatment accomplishes
the twin purposes of passivation of dangling bonds on silica surfaces by the
silane-based initiator molecules, and in the creation of chemical bonds between
the initiator and the polymer chains. Thus, silane treatment is expected to decrease
the polarizability and permittivity at the interface. In fact, recent experimental
work indicates that the incorporation of silane-treated SiO2 nanoparticles into
polyethylene results in decreased effective permittivities (although the permittivity
of SiO2 is higher than that of the host polymer (34). A more comprehensive
analysis of SiO2-polymer interfaces is necessary to understand the circumstances
that would result in a permittivity increase or decrease at the interface.

Incidentally, incorporation of silane-treated SiO2 nanoparticles into
polyethylene also resulted in increased dielectric breakdown strength (34), while
incorporation of micron-sized particles did not. It thus appears that the interface
between SiO2 and polyethylene plays a critical role in controlling the dielectric
constant as well as the dielectric strength. These issues are explored further in the
work later.

It is worth mentioning that although the method of the local dielectric
permittivity has been applied to only coherent interfaces between dissimilar
materials so far, this approach to computing the local polarization and permittivity
can be used to systematically explore a variety of realistic situations, including
atomic-level defects (e.g., vacancies), disorder, impurities and initiator species at
the interface.

Electronic Structure at Interfaces

When two materials are brought into contact, the wave function of electrons
inside each material will interact with each other at the interface and results in
the changes of electronic structure at the interface with respect to that in the
interior. The electronic structures at interfaces, such as work function, Schottky
barrier (SB), band offset, interfacial states, Fermi level (FL) pinning, etc., largely
control the characteristics of electronic devices. Furthermore, as the surface
of an insulating material or at the interface between two otherwise defect-free
insulators, one generally finds under-coordinated atoms. These sub-optimal
bonding situations lead to unoccupied and/or occupied states within the band
gap of the insulators, which are localized physically at the surface or interface
(as opposed to the delocalized bulk Bloch states), and are generally referred to
as surface/interface states, defects states, or “trap” states. These defect states are
important in two respects. They can alter the polarizability of the surface/interface
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Figure 1. Above: Atomic model of SiO2-polymer. Below: Static (solid) and
optical (dotted) dielectric constant of C12H25-SiO2 stack as a function of position

z normal to the interface.

region, as has been discussed in the previous section, and they can significantly
control charge carrier conduction through the insulator. It is latter possibility that
is important in a study of breakdown phenomena.

In the case of coherent interfaces between dissimilar insulators, no dangling
bonds would exist, and hence, one would not find defect states at the interface.
Nevertheless, the energetic positions of the conduction and valence band edges in
one material will be offset relative to those of the other material. In addition, the
band edges could vary with position resulting in band bending due to transfer of
charge from one material to the other at the interface.

It is important to characterize both the band offsets across the interface and
the existence of trap states at the interface. Below, we present and approach
to study the position dependent variation of the valence and conduction bands
across interfaces, and the emergence of trap states at interfaces, using the
layer-decomposed density of states (LaDOS) method (37, 38). We than apply this
method to Si-HfO2 and polymer-SiO2 interfaces.

Compared with the conventional “bulk plus band lineup” method, the layer-
decomposed density of states (LaDOS) approach enables more detailed insights
of the electronic structures at the interface (37, 38). LaDOS decomposes the total
DOS of the entire heterojunction in terms of its origins from various atoms of the
system on a layer-by-layer basis through projecting the electronic wave function
onto the local orbitals of each atom (37, 38). Since we are primarily interested in
multi-layered systems, the layer decomposition provides the position dependence
of the electronic structure that we seek.
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Within DFT such as the one adopted here, the electronic wave function
can be projected onto the atomic orbitals as (37, 38)

where i, a, and l are the indices for the electronic wave function, atom, and the
atomic orbital, respectively, and the Dirac notation is adopted for simplicity. The
density of states gal(ε), where ε is the electronic energy, arising from a specific
atom a with atomic orbital l can be defined as:

where δ represents the Dirac delta function.
The contribution of all the atomic orbitals in one specific atomic layer results

in the LaDOS of that layer. This method allows for the mapping of position
dependent conduction and valence band edge profiles across a multi-layered
system, which helps identify not only defect states at interfaces and point defects
but also the variation of band offsets due to specific bonding environment.

Recent experiments involving silane-treated SiO2 nanoparticles incorporated
in polyethylene has shown an increase in dielectric breakdown strength, whereas
untreated SiO2 displays only a modest change in the breakdown strength. It has
also been postulated that interface states could act as potential electron traps,
thereby scavenging “hot” electrons, and increasing the breakdown strength. A
systematic investigation of the various types of oxide-polymer interfaces focusing
on interface states will help identify trends related to dielectric breakdown
strengths, and can aid in the rational design of polymeric systems with superior
dielectric properties.

In order to probe the specific role played by the silane treatment of SiO2,
we consider models of SiO2-polymer interfaces in the presence of a silane-based
species at the interface. The chemical route to the incorporation of silane-treated
SiO2 nanoparticles into the polymer involves two separate steps. The SiO2
nanoparticles into the polymer involve two separate steps. The SiO2 nanoparticles
are first treated with silane or its derivatives, resulting in SiO2 surfaces decorated
with the silane-based initiator species. Next, the facile attachment of polymer
chains to the initiator species is accomplished. In this work, the initiator is
represented by a vinlysilanediol (SiH(OH)2CHCH2) molecule, and the polymer
chain is C6H7F7, representing polyvinylidene difloride (PVDF). We find that
attachment of the vinysilandilol initiator of the SiO2 surface (with a binding
energy of -0.58 eV) and the subsequent attachment of C6H7F7 to the initiator (with
a binding energy of -0.98 eV) are themodyanamically favored.

Figure 2 shows the structure of a SiO2-vinylsianediol-PVDF heterojunction,
where vinylsianediol is represented by SiH(OH)2CHCH2, together with its LaDOS
profile. As can be seen, the LaDOS in the middle parts of SiO2 and polymer
regions indicates large and uniform band gaps, while in the initiator region the
band edges do not smoothly evolve from the SiO2 end to the PVDF end. Rather,
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Figure 2. SiO2-SiH(OH)2CHCH2-PVDF heterojunction model and its LaDOS
profile. The zero of energy is Fermi energy. The defect states are highlighted

by circles.

an occupied and an unoccupied defect states appear in the band gap, which can
be attributed to the double bond in the vinylsilanediol initiator. Since these defect
states are close to the band edges, they serve as shallow traps for electrons or
holes. The electron traps can potentially “cool” conduction electrons and result
in higher breakdown strengths. It is noted that the defect states disappear when
the vinylsilanediol initiator is replaced by a silane initiator. Hence it appears that
the appropriate choice of initiators is critical for the electronic properties of the
interfaces.

DFT based computations give reasonable descriptions of interfacial electronic
structures such as barrier height and band offsets after some corrections.
Particularly the LaDOS approach has demonstrated its strength for the study of
electronic structure details at interfaces. It will be very helpful for investigating
the electronic properties of a wide variety of nanostructured systems where the
impact of surfaces, interfaces, and atomic level defects is important.

Electron-Phonon Interactions

The method of LaDOS based on DFT gives reasonable descriptions of
interfacial electronic structures such as barrier height and band offsets after
some corrections. Particularly, the electronic structure details at interfaces were
accurately illustrated. Although these aspects are consistent with the observed
increase in breakdown strength of SiO2-polymer composites, several questions
remain unanswered. Firstly, mechanisms for the dissipation of the energy released
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Figure 3. Electron-phonon coupling for the SiO2-vinysilanediol-PE interface
(left) and the Al2O3-vinysilanediol-PE interface. The arrows indicate SiO2

phonon modes and Al2O3 phonon modes, respectively.

during the cooling process need to be addressed. A potential mechanism could
be the enhanced interaction between electrons in the polymer and phonons in
SiO2. It is well know that enhanced electron-phonon coupling in SiO2 in one of
the reasons for its high breakdown strength. Secondly, the role of the initiator
species needs to be clarified, as the trap states appear to be determined largely by
the nature of the initiator. Thirdly, a variety of SiO2 and other oxide (e.g., Al2O3)
surfaces should be studied to understand systematic trends across a wider class
of situations.

Phonons are collective, quantized vibrations of groups of atoms, which
when excited propagate through a material. Our computational method for the
estimation of the interaction of electrons and phonons (i.e., excitation of phonons
by energy released due to electron trapping) involved two steps. First, the
phonon band structure, or spectrum, was determined, resulting in all the phonon
frequencies and eigenmodes. Second, for each phonon eigenmode, the atoms of
the system were displaced from their equilibrium atomic configuration as per that
mode, and the associated shifts in the electronic levels were determined. With the
knowledge of the phonon frequencies, modes and changes of the eigenenergies
caused by the phonon modes, we can estimate the electron-phonon coupling
parameter in units of energy per mode displacement length.

The interaction of electrons and phonon in SiO2-polymer and Al2O3-polymer
interfaces were investigated through this procedure. The geometric model for
silica-polymer interface considered here has a total number of 89 atoms resulting in
247 phonon modes, while the alumina-polymer interface had a total number of 65
atoms resulting in 195 phonon modes. The calculated electron-phonon coupling
for SiO2-polymer interface is shown in Figure 3 (left).

As can be seen, the coupling of electrons at the interface state with phonons
is high, similar to the behavior of the SiO2 with O vacancies. Furthermore, the
electron-phonon interaction parameter for this interface system is significantly
higher than in other cases. Further analysis indicates that the phonon modes
contributing to the highest electron-phonon coupling at the defect states originate
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from the displacement of the interfacial atoms (the atoms in vinylsilandiol). This
high electron-phonon coupling could provide the reason for the high breakdown
strength in the presence of interfaces.

In order to explore the impact of other oxide on the dielectric breakdown
strength in the composites, the electron-phonon coupling in alumina-polymer
interface was determined. As shown in Figure 3 (right), the electron-phonon
coupling in this case is relatively low at the interface trap energy levels in
comparison with the silica-polymer interface. The weak interaction between
the phonons and electrons in the defect states indicates that the energy loss is
less efficient in alumina containing composites in contrast to the silica-polymer
interface.

Summary

Understanding the fundamental relationships between the atomic level
interfacial structure and electrical properties such as dielectric response and
breakdown is critical. In this work, we have presented several ab inito based
computational results that probe such structure-property relationships in systems
of emerging technological importance. The theory of the local dielectric
permititivy has been used to understand the variations of the static and optical
dielectric constant across idealized Si-polymer interfaces over length scales of
the order of interatomic distances. These variations have been correlated to
the chemistry at the interfaces, such as dangling bonds and multiple oxidation
states. The layer-decomposed density of states approach has been used to
compute the electronic structure variation across SiO2-polymer interfaces. This
procedure has been used to capture band bending, band offsets and creation of
trap states at interfaces. Finally, we also discussed a qualitative way in which
electron-phonon interactions can be captured, which we have used to correlate
with available breakdown observations. Although further work over a wider
range of systems and situations is necessary, the computational tools and their
applications described here constitute a promising direction for a more thorough
analysis of the impact of surfaces, interfaces, and atomic level defects on the
dielectric and electronic properties of a wide variety of nanostrucured systems.
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Chapter 3

Achieving Fast Discharge and Low
Loss in Poly(vinylidene fluoride-co-

chlorotrifluoroethylene)-graft-Polystyrene
Films by Confined Ferroelectricity

Fangxiao Guan,1 Zhongzhe Yuan,1 Jing Wang,1 and Lei Zhu*,1,2

1Polymer Program, Institute of Materials Science and Department
of Chemical, Materials and Biomolecular Engineering, University of

Connecticut, Storrs, Connecticut 06269-3136
2Department of Macromolecular Science and Engineering, Case Western

Reserve University, Cleveland, Ohio 44106-7202
*lei.zhu2@case.edu

Although a high electric energy density was recently
reported for defect-modified poly(vinylidene fluoride) (PVDF)
copolymers at millisecond discharge, they usually deliver less
energy at a high pulse rate. In this work, a low loss polystyrene
(PS) was grafted as side chains onto the P(VDF-CTFE) main
chain. After crystallization of PVDF, dielectric PS side chains
were segregated to the crystalline-amorphous interface, forming
a finite confinement dielectric layer for ferroelectric PVDF
crystals. We speculated that less space charge was induced
during electric poling because of the nanoscale confinement
effect. Consequently, a fast discharge speed and a relatively
high energy density were achieved.

Introduction

A high energy density pulse discharge capacitor is an important electric
energy storage unit for numerous practical applications including electromagnetic
generation, Marx generators, pulsed laser, and particle accelerators, where high
energy density and low loss at high repetition rates are required (1). Currently, the

© 2010 American Chemical Society
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state-of-the-art pulse discharge film capacitors are made from biaxially oriented
polypropylene (BOPP) because of its high electric breakdown strength (730
MV/m at 63.2% Weibull failure probability and ~600 MV/m at 1% Weibull
failure probability for a test area of 2.0 cm2) (2) and very low dielectric loss
(<0.0002 at 1 kHz) (3). BOPP is a linear dielectric material and its electric energy
density (Ue) can be described by a linear function; Ue = ∫ EdD = 0.5εrε0E2, where
E is the electric field, D is the electric displacement, εr is the relative dielectric
constant (2.2 for BOPP and independent of electrical fields), and ε0 is the vacuum
permittivity. However, BOPP cannot deliver high energy densities due to its low
dielectric constant.

Poly(vinylidene fluoride) (PVDF) is a well-known ferroelectric polymer
that exhibits both high dielectric constant (εr = 10-20) and high DC breakdown
strength (comparable to that of BOPP) (4–7). However, its typical dielectric
loss (tanδ) at 1 kHz is nearly 0.02 at ambient temperature because of electric
dipole relaxation. Furthermore, relatively easy phase transformations between
the paraelectric α-phase and ferroelectric phases (δ,γ and β-phases) at elevated
electric fields (4, 5) enhance the cooperative ferroelectricity in PVDF crystals.
Early polarization saturation of the ferroelectric phase decreases the electric
energy discharge in PVDF. By modifying PVDF with bulky comonomers,
such as chlorotrifluoroethylene (CTFE) (6–11) and hexafluoropropylene (HFP),
P(VDF-CTFE) and P(VDF-HFP) random copolymers recently achieved an
energy density as high as 17-25 J/cm3 at ~600 MV/m for millisecond discharge
(6, 7). The high energy density is attributed to a relaxor ferroelectric behavior
(12) achieved by introduction of bulky -Cl atoms (or -CF3 side groups) into the
PVDF main chain to breakup large α-form crystallites. One feature of the relaxor
ferroelectric behavior is a broadly distributed phase transformation zone (13).
However, the physical origin of the so-called relaxor ferroelectricity has not been
well understood and quantified, and its relationship with different crystalline
morphologies and crystal orientations has yet to be elucidated.

Both PVDF and its copolymers exhibit nonlinear dielectric and ferroelectric
behaviors with nonlinear permittivity. The linear permittivity is a function of
electric field and exhibits a maximum at the coercive field (Ec) (14). The nonlinear
behavior at elevated electric fields complicates a direct calculation of the stored
and discharged electric energy densities from the linear permittivity.

Additionally, PVDF and its copolymers differentiate themselves from other
pyroelectric material by the thermally reversible polarization (15), which is
induced by the space charge injection mechanism (16)(17). Space charge has been
further recognized as the origin of high piezoelectric and pyroelectric effects for
PVDF (15). Analogously, the high energy density of PVDF and its copolymers
can also be explained by cooperative polarization-induced space charges via
either charge injection, positive hole injection, or local charge splitting (16, 18,
19). However, it is also because of the slow discharge process of these induced
space charges (18, 19), PVDF and its copolymers deliver significantly less energy
at fast pulses (1). For example, bubble-blown P(VDF-CTFE) films had a 40% loss
in discharged energy density when the discharge time decreased from 1 ms to 1
µs (7). It was also shown that the injected charges could distribute non-uniformly
in pulse poled PVDF films (17). Sometimes, they were trapped in a transition
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zone, separating the poled part from the non-poled part and thus stabilizing the
macroscopic polarization after complete discharge of the poled PVDF film.

To enable PVDF and its copolymers for advanced dielectric applications such
as pulse power, an obvious strategy is to solve the practical problem related to the
slow discharge of cooperative polarization-induced space charges accumulated in
PVDF between the poled crystal and amorphous region. In this report, we utilized
a novel concept of nanoconfinement effect to modify the ferroelectric property
of PVDF crystals. Specifically, we grafted low loss dielectric polymer side
chains, polystyrene (PS), onto the P(VDF-CTFE) copolymer main chain. After
crystallization-induced microphase separation, PS was segregated to the crystal
periphery, forming a dielectric confinement layer around the PVDF lamellar
crystals. As a result, the long distance coupling (20) among ferroelectric crystals
(or ferroelectric domains) was interrupted and less space charge was induced in
the polymer matrix. A fast discharge speed and a low loss were achieved in these
ferroelectric/dielectric composite films.

Experimental Section

Materials

P(VDF-CTFE) (Dyneon® 31008 with 7.0 mol% CTFE) was provided
by courtesy of 3M. Its number-average molecular weight (Mn) is 180,000
g/mol and polydisperisity index (PDI) is 1.5. Statistically, each main chain
contains ~180 -Cl sites. Styrene (Aldrich, 99%) was passed through a silica
gel column to remove the inhibitor before use. Azobisisobutyronitrile (AIBN)
was recrystallized from methanol and stored in the refrigerator. CuCl (Aldrich,
99.995+%), CuCl2 (Aldrich, 99.999%), 2,2’-bipyridine (BPy, Acros, 99+%),
tri(n-butyl)tin hydride (nBu3SnH, Aldrich, 99.99%), N-methylpyrrolidinone
(NMP, Aldrich, HPLC grade), tetrahydrofuran (THF, Aldrich, HPLC grade),
and N,N-dimethylformamide (DMF, Acros, HPLC grade) were used as received
without further purification.

Graft Copolymerization of Styrene from P(VDF-CTFE) Using Atom
Transfer Radical Polymerization (ATRP)

A typical graft copolymerization of styrene from P(VDF-CTFE) using
ATRP (see Scheme 1) is modified from a previous report (21). First, a 500 mL
Schlenk flask was charged with 2 g of P(VDF-CTFE), 2.33 g (14.89 mmol)
of 2,2’-bipyridine, 0.4 g (4.02 mmol) of CuCl, and 54.3 mg (0.402 mmol) of
CuCl2. The reaction mixture was degassed for three times with nitrogen/vacuum
cycles. 23 mL (205 mmol) of styrene and 28 mL of NMP were purged with
dry nitrogen for about 1 h and transferred into the Schlenk flask by a nitrogen
protected syringe. After all reaction agents were well mixed, the polymerization
was carried out at 120 °C for 24 h. The viscous reaction mixture was diluted with
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acetone and passed through a column filled with fumed silica gel, followed by
precipitation in 1:1 vol./vol. methanol/water. The crude product was redissolved
in DMF and precipitated in 1:1 methanol/water for three times. Finally, the
resulting graft copolymer, P(VDF-CTFE)-g-PS, was dried in a vacuum oven at
room temperature for 2 d.

Dechlorination of As-Synthesized P(VDF-CTFE)-g-PS

A typical dechlorination reaction of the as-synthesized P(VDF-CTFE)-g-PS
is adapted from a previous report (10). First, a 500-mL round-bottom flask was
charged with 3 g of P(VDF-CTFE)-g-PS copolymer, 285 mg (1.11 mmol) of
AIBN, 180 mL of THF and 60 mL of NMP. The reaction solution was purged
with nitrogen for about 1 h. Afterwards, the reaction mixture was stirred at 60
°C for 30 min, and 0.914 mL (2.22 mmol) tri(n-butyl)tin hydride (nBu3SnH) was
added dropwise by a syringe. The dechlorination reaction was carried out at 60
°C for 24 h before it was quenched with methanol. The reaction mixture was
precipitated in 1:1 vol./vol. methanol/water and washed with hexane. The crude
product was redissolved in DMF and precipitated in 1:1 methanol/water for three
times. Finally, the product was dried in a vacuum oven at room temperature for
3 d.

Instruments and Characterization

1H and 19F NMR spectra were recorded on a Bruker DMX-400 NMR
spectrometer. Size exclusion chromatography (SEC) was performed in a DMF
mobile phase using a Viscotek GPCMaxVE2001with a TDA 302 viscometer/light
scattering/UV-Vis/refractive index (RI) quadruple detector. DSC thermograms
were obtained using a TA Instruments Q20 differential scanning calorimeter
(DSC) at a heating rate of 10 °C/min. Two-dimensional (2D) wide-angle
X-ray diffraction (WAXD) experiment was performed on an Oxford Xcalibur
Diffractometer with an ONYX CCD area detector. The wavelength of Cu Kα
X-ray was 0.1542 nm. 2D small-angle X-ray scattering (SAXS) was performed
at the synchrotron X-ray beamline X27C at National Synchrotron Light Source,
Brookhaven National Laboratory. The wavelength of synchrotron X-ray was
0.1371 nm. Fuji imaging plates were used as detectors, and digital images were
obtained using a Fuji BAS-2500 scanner. The typical data requisition time was
1 min. One-dimensional (1D) X-ray profiles were obtained by integration from
2D X-ray images. The d-spacing was calibrated using silver behenate with the
first-order reflection at the scattering vector q = 1.076 nm-1, where q = (4πsinθ)/γ
with θ being the half scattering angle.

The dissipation factor was evaluated by using a Fourier transform dielectric
spectrometer (IMASS TimeDomain Dielectric Spectrometer) in a frequency range
from 10-4 to 104 Hz.

The discharged energy density (Ue) was measured by an LCR circuit with
a self-built 3-way solid state high voltage switch (see Figure 1), similar to that
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Scheme 1. Synthesis of P(VDF-CTFE)-g-PS graft copolymers using atom transfer
radical polymerization (ATRP), followed by dechlorination with nBu3SnH

Figure 1. A self-designed capacitor discharge circuit. RL is the load resistor. RL
and R2 can be changed to vary the discharge times, where RL/R2 is kept at 100.
The turn-on time of the solid-state high voltage switch is less than 500 ns.

Figure 2. (a) 1H and (b) 19F NMR spectra of P(VDF-CTFE) and
P(VDF-CTFE)-g-PS graft copolymers with 30 and 40 wt% PS, respectively. In
the 1H NMR spectra in (a), PS signals are located at 1.0-2.0 and 6.2-7.4 ppm,
and P(VDF-CTFE) peaks are located at 2.2-2.4 and 2.7-3.1 ppm. In the 19F NMR
spectra in (b), Cl-related F signals are located at -122~-118 and -109~-107 ppm.

reported in the literature (7). Typical turn-on time for the solid-state high voltage
switch is less than 500 ns. First, the switch was located at position 1 and a capacitor
film sample was charged for 10 seconds to reach a desired voltage by a high voltage
power supply. Then, the switch was switched to position 2, and the stored electric
energy in the capacitor film sample was discharged through resistors RL and R2.
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RL could be varied so that the capacitor discharge behavior could be analyzed
over a broad time range. The voltage, V2 on the resistor R2 was monitored by an
oscilloscope. Finally, Ue was calculated from the V2 profile as a function of time
(see Figure 7).

Results and Discussion

Synthesis and Characterization of P(VDF-CTFE)-g-PS Graft Copolymers

The successful grafting of PS side chains from the -Cl sites in P(VDF-CTFE)
is proved by 19F NMR, as shown in Figure 2. Comparing the 19F NMR spectra
for neat P(VDF-CTFE) and its PS-graft copolymer in Figure 2b, the Cl-related
19F signals substantially decreased for P(VDF-CTFE)-g-PS, indicative of the
successful grafting of PS from the -Cl sites. We also performed a control
experiment by replacing P(VDF-CTFE) with PVDF under the same reaction
condition for ATRP, and no PS could be grafted from pure PVDF. This result
clearly indicated that PS side chains were exclusively grafted from the -Cl sites
in P(VDF-CTFE). The PS content was calculated from 1H NMR results shown
in Figure 2a and summarized in Table 1.

SEC results for P(VDF-CTFE) and its PS-graft copolymer (40 wt% PS)
are shown in Figure 3. After purification, no PS homopolymer was seen in the
SEC curve for P(VDF-CTFE)-g-PS(40%), indicative of a high purity of the final
product. Inversion of the differential RI signal for the graft copolymer from
that for neat P(VDF-CTFE) suggested that PS was grafted from P(VDF-CTFE),
because PS has a higher RI and P(VDF-CTFE) has a lower RI than DMF (21).
Finally, a slight decrease in the retention volume for the P(VDF-CTFE)-g-PS
compared with P(VDF-CTFE) suggested an increase in molecular weight after
grafting reaction.

Characterization of Crystalline Morphology in P(VDF-CTFE)-g-PS

Crystalline morphology in P(VDF-CTFE)-g-PS graft copolymers was studied
by DSC, SAXS and WAXD techniques. Introduction of PS graft significantly
lowered the PVDF crystallinity. For example, the PVDF crystallinity was as low
as 26 wt% in P(VDF-CTFE)-g-PS(30%), which only corresponded to ca. 12 vol.%
when the PS volume was considered, as shown in Figure 4. PS grafts increased
the glass transition temperature from -27 °C for P(VDF-CTFE) up to 75 °C with
30 wt% PS. However, PS grafts did not affect much on the melting temperature.

The decrease in PVDF crystallinity after grafting PS was also confirmed
from WAXD profiles in Figure 5B. Furthermore, it was inferred that the PVDF
crystalline lamellar thickness in P(VDF-CTFE)-g-PS must have decreased
as compared to that in pure PVDF, because the line width for the mixed
(021/111/120)α reflections was substantially broader. In addition, PS grafts
eliminated the formation of β-crystals even after 500% uniaxial stretching. In
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Figure 3. Size-exclusion chromatography (SEC) of P(VDF-CTFE) and the
P(VDF-CTFE)-g-PS graft copolymer with 40 wt% PS. DMF was used as the

eluting solvent.

Table 1. Molecular Characterization Data for P(VDF-CTFE)-g-PS with
Different PS Contents (22) (Reprinted from ref. (22). Copyright 2009

American Institute of Physics)

P(VDF-CTFE), CTFE mol% = 0.07, Mn = 1.8x105 g/mol, Mw/Mn = 1.5, Tm = 166 °C

P(VDF-CTFE)-g-PS PS
(wt%)a

MnPS

(g/mol)b
Tg
(°C)

Tm
(°C)

I 25 328 35 163, 169

II 30 421 75 166

III 40 656 70 167

a Determined by 1H NMR. b Assuming all Cl in P(VDF-CTFE) initiated ATRP of styrene
and all PS grafts had the same length.

(biaxially stretched) PVDF film, some β-crystals co-existed with α-crystals, as
evidenced by the existence of the (110/200)β reflections in Figure 5B.

After PVDF crystallized, bulky PS grafts were excluded from the PVDF
crystal as structural defects and thus formed a finite interface layer. In fact, a
density fluctuation-induced disordered phase was observed in the melt at 180
°C for the graft copolymers, as evidenced by the correlation hole scattering in
SAXS results in Figure 5A. However, no distinct microphase separation was
observed from high magnification TEM images (data not shown) of microtomed
thin-sections stained by RuO4. There might be a few reasons. First, the PVDF
crystallinity was low and the crystallite size was small. Second, PS grafts were too
short (less than 10 monomer units) to form a distinguishable interface. Although
PS would microphase separate from PVDF crystals after PVDF crystallization,
it may still partially mixed with the surrounding amorphous PVDF matrix. This
may be the reason that even RuO4 did not provide a good contrast between PVDF
crystals and RuO4-stained PS.

Uniaxial stretching oriented PVDF crystals in P(VDF-CTFE)-g-PS films, as
evidenced in Figure 6. When the X-ray beam was directed perpendicular to the
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Figure 4. Differential scanning calorimetry (DSC) curves for P(VDF-CTFE)-g-PS
graft copolymers with different PS contents.

Figure 5. A. Lorentz-corrected small-angle X-ray scattering (SAXS) profiles for
P(VDF-CTFE)-g-PS samples with 25 and 40 wt% PS at 180 °C. B. Wide-angle
X-ray diffraction (WAXD) profiles for PVDF and P(VDF-CTFE)-g-PS graft

copolymer films with 25, 30 and 40 wt% PS at room temperature.

drawing direction and parallel to the film, 2D WAXD patterns of both biaxially
oriented PVDF (Figure 6a) and uniaxially oriented P(VDF-CTFE)-g-PS (Figure
6b) showed that (100)α and (110)α reflections for the α-form PVDF crystal centered
on the equator, suggesting that PVDF chains are parallel to the drawing direction.
Since folded PVDF chains are perpendicular to the crystalline lamellae, PVDF
lamellar crystals should oriented perpendicular to the film.

Dielectric Properties of P(VDF-CTFE)-g-PS Graft Copolymer Films

Room temperature discharge measurements were carried out at an electric
field of ca. 250 MV/m to avoid electric aging or early breakdown. Typical
discharge curves at different discharge times for a commercial capacitor grade
PVDF (63.2% Weibull failure probability = 600 MV/m and the Weibull slope β
= 12.2 for a test area of 2 cm2) and P(VDF-CTFE)-g-PS(30%) films are shown
in Figure 7. The experimental discharge time t0 is defined as the time for the
discharged energy in RL to reach 90% of the final value at an infinitely long time,
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Figure 6. 2D wide-angle X-ray diffraction (WAXD) patterns for (a) biaxially
oriented PVDF and (b) uniaxially oriented P(VDF-CTFE)-g-PS(30%) films with

the incident X-ray beam perpendicular to the drawing direction.

and can be obtained directly from the discharge profiles (7). Figure 8a summarizes
the Ue as a function of the t0 for PVDF, P(VDF-CTFE)-g-PS(30%), and BOPP.
From this figure, the total discharged energy in the PVDF capacitor film increased
with the t0. This is similar to the results reported for the P(VDF-CTFE) 91/9 films
recently (7). If we assume that all the energy was discharged when RL was above
1 MΩ, then the stored energy density U0=Ue and the time dependent loss can be
defined as 1-Ue/U0. For example, when RL = 25 kΩ and t0 = 22 µs, only 72%
of the stored energy can be released and the time dependent loss for the PVDF
capacitor film was as high as 0.28.

In contrast, P(VDF-CTFE)-g-PS(30%) had a faster discharge, which
was close to that of BOPP (see Figure 8a). From this figure, the Ue for
P(VDF-CTFE)-g-PS(30%) was nearly constant when RL varied from 25 kΩ to 1
MΩ, and t0 varied from 8 to 300 µs. This means that the stored energy density
in P(VDF-CTFE)-g-PS(30%) can be completely discharged in a relatively short
time, and the time dependent loss is almost zero.

Figure 8b compares the experimental discharge time t0 with the theoretical
discharge time for PVDF, P(VDF-CTFE)-g-PS, and BOPP. For a linear dielectric
material, the theoretical relaxation time (τ) is defined from the voltage drop profile
during discharge:

Where t is time, V0 is the starting voltage, V(t) is the voltage at time t, and
C is the capacitance of the capacitor. From the electric circuit in Figure 1, the
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Figure 7. Typical discharged energy density profiles for PVDF and
P(VDF-CTFE)-g-PS(30%) at ca. 250 MV/m. The load resistor RL is (a) 25 kΩ,

(b) 113 kΩ, (c) 340 kΩ, and (d) 1 MΩ, respectively.

Figure 8. (a) Discharged energy density Ue as a function of the discharge
time t0 obtained at ca. 250 MV/m for PVDF, P(VDF-CTFE)-g-PS, and BOPP,
respectively. (b) Comparison of the experimental discharge time t0 with the
theoretical discharge time τ0.9 at 250 MV/m for PVDF, P(VDF-CTFE)-g-PS,
and BOPP, respectively (22). Reprinted from reference (22). Copyright 2009

American Institute of Physics.

discharged energy density Ue can be derived from the voltage discharge profile as
a function of time:
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Figure 9. Discharged energy density as a function of applied electric field for
PVDF, P(VDF-CTFE)-g-PS graft copolymers, and BOPP at different discharge
times, 1 ms and 50 µs, respectively (22). Reprinted from reference (22).

Copyright 2009 American Institute of Physics.

Where v is the volume of the capacitor film, I(t) is the current, V2 is the voltage
on R2, and . At t→∞, . Therefore,

, and theoretical discharge time at 90% of Ue(∞), τ0.9, can
be obtained as:

Obviously, P(VDF-CTFE)-g-PS(30%) and BOPP had a fast discharge
time, which was comparable to the theoretical τ0.9. Instead, PVDF showed a
substantially longer discharge time than τ0.9, which can be attributed to the slow
discharge of polarization-induced space charges in PVDF at an elevated electric
field of 250 MV/m.

The discharged energy densities as a function of the applied electric field for
various samples are shown in Figure 9. The discharged energy density for PVDF
at 1 ms was consistently higher than that at 50 µs, and this demonstrated the typical
slow discharge of induced space charges. P(VDF-CTFE)-g-PS samples exhibited
lower discharged energy density as compared to that of PVDF, but still more than
twice that of BOPP. This can be attributed to less space charge induced in the
system. For two P(VDF-CTFE)-g-PS samples with different crystallinities (xc
= 26 and 12 wt% for 30 and 40 wt% PS contents, respectively), the discharged
energy densities at different discharge times (50 µs and 1 ms when RL = 25 kΩ
and 1 MΩ, respectively) were nearly the same, indicating that they both had a
relatively fast discharge (< 8 µs) of all the electric energy stored. Note that a fast
discharge is typical for a linear dielectric material such as BOPP, since it does
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Figure 10. Dissipation factor (tanδ) as a function of frequency for PVDF,
P(VDF-CTFE) 88/12, P(VDF-CTFE)-g-PS graft copolymers, respectively.

not have any induced space charges. Interestingly, the discharged energy density
for the high crystallinity sample was the same as that for the low crystallinity
sample, suggesting that crystallinity is not so important here, and this needs further
investigation in the future.

The frequency-dependent loss of P(VDF-CTFE)-g-PS films can be
determined by measuring the dissipation factor, tanδ. Figure 10 shows the
dissipation factor of P(VDF-CTFE)-g-PS copolymer over a frequency range from
10-4 to 104 Hz. The result for P(VDF-CTFE) 88/12 is also showed in Figure 10
for comparison. It can be seen that the dissipation factor for P(VDF-CTFE)-g-PS
graft copolymers were consistently lower than both PVDF and P(VDF-CTFE)
88/12. Especially, P(VDF-CTFE)-g-PS(40%) had the lowest frequency dependent
loss, i.e., 0.003 at 1 kHz. Apparently, this reduction in loss can be attributed to
the incorporated low loss PS grafts and the increased amorphous content.

To understand the fast discharge and low loss behavior for P(VDF-CTFE)-
g-PS graft copolymers, space charge accumulation at the crystalline/amorphous
interface and polarization contributions from both amorphous and crystalline
(α and β) phases need to be considered (see schematics in Figure 11). First,
introducing dielectric PS grafts into P(VDF-CTFE) substantially decrease the
α-phase crystallinity (see Table 1 and DSC results in Figure 4) and thus increased
the amorphous content. Amorphous PVDF has a linear but weak polarization,
while the crystals have a non-linear and strong polarization as a function of the
applied electric field (23). Consequently, less PVDF crystallinity will result in
less induced space charge. This is the reason why P(VDF-CTFE)-g-PS stores
less energy than PVDF (and also its copolymers). Second, for PVDF, polar
crystalline phases (δ- and β-forms) can be induced at elevated electric fields, and
thus dipoles in these polar crystalline phases will orient along the external electric
field. As a result, space charges have to be induced at the crystalline-amorphous
interfaces to compensate local polarization (16, 18, 19), and they will further
induce and stabilize polarization in the crystalline phase. This is the reason why

34

D
ow

nl
oa

de
d 

by
 U

N
IV

 O
F 

D
E

L
A

W
A

R
E

 M
O

R
R

IS
 L

IB
 o

n 
Ju

ne
 2

2,
 2

01
2 

| h
ttp

://
pu

bs
.a

cs
.o

rg
 

 P
ub

lic
at

io
n 

D
at

e 
(W

eb
):

 M
ar

ch
 1

1,
 2

01
0 

| d
oi

: 1
0.

10
21

/b
k-

20
10

-1
03

4.
ch

00
3

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 



Figure 11. Schematic representation of electric poling-induced dipole moment
orientation (dark arrows) and space charge distribution in (A) PVDF and
(B) P(VDF-CTFE)-g-PS, respectively. The PVDF chain (or c) axes along the
drawing direction are perpendicular to crystalline lamellae in the film (22).
Reprinted from reference (22). Copyright 2009 American Institute of Physics.

PVDF and its random copolymers can store more charges/energy than linear
dielectrics (Figure 9). In the discharge process, space charges need to be removed
to disorient the dipole moment to its random state and give out the stored electric
energy. However, the removal of interfacial charges takes time, and this is the
reason why PVDF delivers significantly less energy for fast pulses (18, 19, 24).
For P(VDF-CTFE)-g-PS graft copolymers, PVDF crystals are confined by a layer
of glassy and dielectric PS after PVDF crystallization. We speculate that the
paraelectric (α) to ferroelectric (δ and β) phase transitions and dipole orientation
may become more difficult due to the confinement effect. As a result, the induced
space charge is less than that in PVDF (see Figure 11). Meanwhile, due to the
interruption from dielectric PS confining layers, depolarization field penetration
may be destroyed, and long-range dipole-dipole coupling becomes lost.

Conclusions

In sum, fast discharge and low loss were achieved in P(VDF-CTFE)-g-PS
graft copolymers because of less space charge induced in the sample due to the
confinement effect from the nonpolar PS interfaces surrounding the PVDF crystals.
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Chapter 4

Ferroelectric Polymer Based Nanocomposites
for Electrical Energy Storage

Junjun Li, Paisan Khanchaitit, and Qing Wang*

Department of Materials Science and Engineering, The Pennsylvania State
University, University Park, Pennsylvania 16802, USA

*wang@matse.psu.edu

Polyvinylidene fluoride (PVDF)-based ferroelectric polymers
exhibit much higher electrical energy storage capability than
other linear dielectric polymers. To further improve and tailor
the dielectric properties of polymers, nanocomposites based on
ceramic nanoparticles and polymer matrices have been prepared
as a means of engineering dielectric property and energy storage
capacity.

Introduction

The continued success of dielectric polymers in capacitor applications
imposes a challenge to improve energy density of these materials for advanced
electronic devices and electric power systems with reduced weight, size and cost
(1–3). Recently, nanocomposites composed of ceramic particles and polymer
matrices have been prepared as a means of engineering dielectric property and
energy storage capacity (4). The idea underlying this composite approach is to
integrate complementary elements, such as high dielectric permittivity from the
inorganic dopants and high breakdown strength from the polymer matrix, for a
substantially enhanced energy density (5). In general, the energy density of a
diphasic composite is the sum of the energy density of each constituent. In most
of the ceramic-polymer composites, the volume fractions of the two constituents
are on the same order of magnitude. Therefore, to achieve a high energy density
of a composite, a sizeable energy density from each constitute must be needed.

The polymers currently used as matrices in the dielectric nanocomposites,
including polyethylenes, poly(methyl methacrylate)s, epoxy resins, and

© 2010 American Chemical Society
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Figure 1. The particle size distribution of surface-modified BaTiO3 particles in
DMF (1mg/ml) by DLS.

polyimides, usually possess dielectric permittivities of ~2-5 that are significantly
lower than their inorganic counterparts, thus severely limiting the energy density
obtained in the polymer matrix and consequently, in the resulting composites
(6–9). Ferroelectric poly(vinylidene fluoride) (PVDF) and its copolymers,
such as poly(vinylidene fluoride-co-trifluoroethylene) [P(VDF-TrFE)] and
poly(vinylidene fluoride-co-hexafluoropropylene) [P(VDF-HFP)], have also been
utilized in the formation of the dielectric nanocomposites, owing to their relatively
high dielectric permittivity at approximate 10 (10–13). The unique dielectric
properties of PVDF based polymers originate from the presence of highly
electronegative fluorine on the polymer chains and the spontaneous alignment of
the C-F dipoles in the crystalline phases (14). However, dispersion of inorganic
fillers in these fluorinated polymers is always problematical because of the low
surface energy of the polymers. The agglomeration of the ceramic dopants gives
rise to electron conduction for a high dielectric loss and undesirable porosity for
dielectric failure at much lower fields. Surface-functionalization of nanoparticles
was normally adopted to improve the miscibility of polymer matrices and ceramic
dopants. In the first part of this contribution, nanocomposites comprised of the
ferroelectric polymers and surface-functionalized BaTiO3 nanoparticles were
prepared. The effect of polymer matrix on the energy storage capability of the
nanocomposites has been examined.

On the other hand, although most of the current studies on dielectric
nanocomposites are focused on the enhancement of dielectric permittivity, the
inclusion of nanoparticles with permittivities on the order of hundreds and even
thousands into polymers, which generally possess a permittivity less than 10,
might not be desirable for an appreciable increase in energy density. As the filler
has a much greater permittivity than the polymer matrix, most of the increase in
effective dielectric permittivity comes from an increase in the average field in the
polymer matrix with very little of the energy being stored in the high permittivity
filler phase (15). Furthermore, the presence of a large contrast in permittivity
between two phases gives rise to a highly inhomogeneous electric field and thus
a significantly reduced effective breakdown strength of the composite (16). In
the second part, we describe the high-energy-density polymer nanocomposites
based on surface-functionalized TiO2 nanocrystals as dopant in a ferroelectric
poly(vinylidene fluoride-ter-trifluoroethylene-ter-chlorotrifluoroethylene) (P
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(VDF- TrFE-CTFE)). The choices of polymer matrix and the dopant are based on
the fact that P(VDF- TrFE-CTFE) and TiO2 filler possess comparable dielectric
permittivities. High dielectric performance in the nanocomposites is realized via
the large enhancement in polarization response at high electric fields and changes
in polymer microstructure induced by the nanofillers.

Experimental

Sample Preparation

Ferroelectric poly(vinylidene fluoride-co-chlorotrifluoroethylene) [P(VDF-
CTFE) 91/9 mol %] and poly(vinylidene fluoride-ter-trifluoroethylene-
ter-chlorotrifluoroethylene) [P (VDF-TrFE-CTFE) 78.8/5.4/15.8 mol %]
were employed as matrices in the nanocomposites investigated herein.
P(VDF-TrFE-CTFE) was synthesized by a suspension polymerization of VDF
and CTFE followed by a partial dechlorination of CTFE (17, 18).

Crystalline BaTiO3 nanoparticles were prepared via decomposition of
ethylene diamine modified titanium(IV) isopropoxide and barium hydroxide in
aqueous solution (19). The nanoparticles were characterized by X-ray diffraction
(XRD), scanning electron microscopy (SEM), transmission electron microscopy
(TEM), and Fourier transform infrared spectroscopy (FTIR) (19).

The TiO2 nanoparticles with a rod-shaped dimension (~20 nm× 70 nm) were
prepared via a hydrothermal reaction of titanium tetraisopropoxide (Ti(OiPr)4) and
hydrogen peroxide at 100 °C for 12 h. The surfaces of the TiO2 nanoparticles were
then modified by refluxing in aqueous CO2-free barium hydroxide solution for 2 h
under Ar atmosphere following a procedure described elsewhere (20).

The nanocomposite films were prepared by mixing the polymer and
nanoparticles in N,N-dimethylformamide (DMF). This mixture was stirred using
Vibra-Cell high intensity ultrasonic processor (VC-505) at 20% power for 15
min to break agglomeration, and then poured onto clean glass slide and dried at
70 °C, followed by further annealing at 120 °C in a vacuum oven to remove the
remaining trace of solvent. The resulting films were further melt pressed at 200°C
for P(VDF-CTFE) based composites and 160 °C for P(VDF-TrFE-CTFE) based
composites under 3000 psi.

Materials Characterizations

Molecular weights and polydispersity of the P(VDF-CTFE) and P
(VDF-TrFE-CTFE) were determined in a DMF mobile phase at a flow rate of 1.0
mL/min using gel permeation chromatography. The instrument is Viscotek Model
302 triple detection system equipped with refractive index, right angle light
scattering and viscometer detectors, and the columns were Viscogel I-Series for
intermediate polar polymers. The thermal transition data were obtained by a TA
Instrument Q100 differential scanning calorimeter at a heating rate of 10 °C/min.
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Figure 2. (a) TEM image of P(VDF-CTFE)-BaTiO3composites
with 5 vol % BaTiO3. (b) Cross-sectional FE-SEM image of the

P(VDF-TrFE-CTFE)-BaTiO3nanocomposite thin film containing 23 vol %
BaTiO3.

Figure 3. Dielectric constant and loss tangent of the P(VDF-TrFE-CTFE)-BaTiO3
(star) and P(VDF-CTFE)-BaTiO3 (square) nanocomposites measured at 1
kHz and room temperature. Open circles and squares are the calculated

effective permittivity from the Lichtenecker law for the P(VDF-TrFE-CTFE) and
P(VDF-CTFE) based composites, respectively.

Wide-angle X-ray diffraction measurements were conducted using a Scintag
diffractometer with Cu Kα radiation (wavelength λ=0.154 nm). Transmission
scanning microscopy experiments were performed using JEOL JEM-1200 EX II
TEM equipment and the sample was made by cryo-microtome. The uniformity of
nanocomposites was examined by field-emission scanning electron microscope
JEOL 6700F (FESEM) of the fractured surface. To examine the dielectric
properties of composites, circular gold electrodes with diameter of 2.6 mm and a
typical thickness of 30 nm were sputtered on both sides of the films for the electric
measurements. Dielectric constant and loss at room temperature were measured
using an Agilent LCR meter (E4980A). Dielectric relaxation spectroscopy of
the polymer and nanocomposites at frequencies ranging from 100 to 1 MHz has
been investigated using a LCR meter equipped with a temperature chamber. The
temperature range is -50 - 100 °C. The energy density of samples was measured
by a modified Sawyer-Tower circuit.
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Figure 4. Temperature dependence of dielectric responses of a) P (VDF-CTFE)
and b) P (VDF-CTFE) –BaTiO3 with 11 vol % BaTiO3 at different frequencies in
the cooling process [dielectric constant (from top to bottom), and dielectric loss

(from bottom to top)]: 0.1 k, 1 k, 10 k, 100 k, and 1 MHz.

Polymer-BaTiO3 Nanocomposites

Structure and Morphology

The chemical composition of the resulting P(VDF-CTFE) polymer was
calculated according to the integrals of the characteristic peaks in 1H and 19F
NMR spectra (21). The absolute weight-average molecular weight of the polymer,
determined by gel permeation chromatography (GPC) in DMF, is ~240 kDa with
a polydispersity of 3.40.

The chemical functionalization of the BaTiO3 nanoparticles with ethylene
diamine moieties on the surface renders the particles a greatly enhanced
dispersibility in organic solvents and in turn a homogeneous distribution in the
polymer matrix. The dynamic light scattering (DLS) measurements (Figure
1) disclose an average aggregation size of ~60 nm for the suspension of the
ethylene diamine-stabilized BaTiO3 nanoparticles in DMF. The uniformity
of the nanocomposite films is evidenced in the cryo-microtomed TEM and
cross-sectional field-emission SEM (FE-SEM) images as shown in Figure 2,
where the BaTiO3 nanoparticles are homogeneously dispersed in the polymer
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matrix with an average particle size of ~50-70 nm. The typical thickness of the
nanocomposite film for the dielectric measurements is ~25 µm.

Dielectric Properties

A dielectric permittivity of 180 at 1 kHz was determined on the ethylene
diamine-functionalized BaTiO3 nanoparticle using impedance spectroscopy (22).
Dielectric permittivity and loss tangent of pristine polymer and nanocomposties
were measured from 100 Hz to 2 MHz (23). The variation of the weak-field
dielectric permittivity and loss tangent with the nanoparticle concentration in
the nanocomposites is plotted in Figure 3. The dielectric permittivity steadily
increases with the increase of the BaTiO3 content, which is ascribed to a higher
permittivity of the filler relative to the polymer matrix. At a 20 vol % content
of the BaTiO3 nanoparticle, P(VDF-TrFE-CTFE) based nanocomposite exhibits
a dielectric permittivity of 50, whereas a permittivity of 24 was found in the
P(VDF-CTFE) based nanocomposite. The effective dielectric permittivity of
the nanocomposite was calculated based on the Lichtenecker logarithmic rule,
which is commonly used in a two-phase composite system: log ε = y1 log ε1+
y2 log ε2, where y1 and y2 denote the volume fractions of ceramic fillers and
polymer matrix which have dielectric permittivities of ε1 and ε2, respectively
(24). As shown in Figure 3, the calculated results agree reasonably well with
the experimental data except at high BaTiO3 concentrations (>20 vol %) in the
P(VDF-TrFE-CTFE)-based composites where the Lichtenecker logarithmic law
overpredicts those measured. It is also noteworthy that the dielectric loss of
the nanocomposites arises primarily from the polymer matrices and is almost
independent of the volume content of the BaTiO3 filler, further indicating a
minimized agglomeration of the filler in the nanocomposites.

Temperature dependence of the dielectric permittivity and loss tangent of
the polymers and nanocomposites at frequencies ranging from 102 to 106 Hz has
been investigated using a LCR meter equipped with a temperature chamber at 1
V bias. As illustrated in Figure 4, the dielectric spectra of the nanocomposites are
dominated by the dielectric responses of the polymer matrix. For the polymers, the
dielectric relaxation peaks shift progressively toward high temperatures with an
increase of frequency, corresponding to glass-transition related micro-Brownian
motions of chain segments in the amorphous region. At temperatures above 60
°C, both the dielectric permittivity and loss increase markedly with temperature
at low frequencies, which are usually interpreted as the Maxwell-Wagner-Sillars
(MWS) interfacial polarization in heterogeneous systems and conduction from
space charge. The introduction of the BaTiO3 nanoparticles into the polymers
drastically decreases the weak-field dielectric permittivity and loss at high
temperatures (>60 °C) and low frequencies (e.g., 100 Hz), implying that an
increased trapping density in the nanocomposites suppresses the space charge
effect and reduces the conduction loss (25). The surface groups of the BaTiO3
and the nanoparticle/polymer interface are possible charge trapping centers.
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Figure 5. (a) The dependence of energy density on the BaTiO3content in the
P(VDF-TrFE-CTFE) and P(VDF-CTFE) based nanocomposites measured under
100 and 150 MV/m. (b) Electric displacement-field (D-E) loop measured under
different applied fields at room temperature and 10 Hz for the polymers and

nanocomposites.

The electrical energy density of the polymers and nanocomposites was
measured at various electric field. As summarized in Figure 5, the addition of the
BaTiO3 nanoparticles into the polymers greatly increases the energy density of the
materials. At 150 MV/m, the stored energy density of the P(VDF-TrFE-CTFE)
composite with 30 vol % BaTiO3 is 7.0 J/cm3, which corresponds to a ~120%
improvement compared with pure P(VDF-TrFE-CTFE) with a energy density of
3.2 J/cm3. For P(VDF-CTFE), the achieved stored energy density nearly doubles
from 1.9 J/cm3 to 3.7 J/cm3 for the nanocomposite containing 23 vol % BaTiO3
nanoparticles under the same field. These energy densities far exceed those
reported in the composites based on the conventional polymers such as epoxy and
polyethylene, which are less than 3 J/cm3 in most cases (8, 9). Importantly, the
P(VDF-TrFE-CTFE) based nanocomposites generally exhibit much higher energy
densities than the corresponding composites based on P(VDF-CTFE). This is in
accordance with the weak-field trend presented in Figure 3 and can be attributed
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Figure 6. DSC profiles of a) P (VDF-TrFE-CTFE) and nanocomposites with
BaTiO3; b) P (VDF-CTFE) and nanocomposites with BaTiO3

to larger electric displacement achieved in the P(VDF-TrFE-CTFE) matrix. As
exampled in Figure 5b, under a field of 100 MV/m the electric displacement
reaches more than 5.6 µC/cm2 in the P(VDF-TrFE-CTFE) composite with 20
vol % BaTiO3, while the electric displacement in the composite composed of
P(VDF-CTFE) and the same volume content of BaTiO3 is less than 3.3 µC/cm2.
Similarly, the incorporation of the nanoparticles notably raises the electric
displacement, which accounts for the remarkably improved energy densities in the
nanocomposites over the pristine polymer. As also shown in Figure 5b, compared
to the polymer matrix, the nanocomposites exhibit increased polarization
hysteresis and dielectric loss, which also increase progressively with the applied
field. These results are consistent with earlier studies, indicating strong charge
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Figure 7. Cross-sectional FE-SEM image of the nanocomposite thin film
containing 30 vol% TiO2

Figure 8. Dielectric permittivity and loss tangent of the P(VDF-TrFE-CTFE)-TiO2
(circle) and P(VDF-CTFE)-TiO2 (square) nanocomposites measured at 1 kHz

and room temperature with a 1 V bias.

injection and trapping in the composites because the BaTiO3 nanoparticles with
a higher permittivity greatly enhance the local electric field dropped across the
polymer phase (26).

Thermal Properties

It is well-known that the polarization and dielectric properties of the PVDF
based ferroelectric polymers originate from their crystalline domains (14). To
acquire the influence of the BaTiO3 nanoparticles on the crystallization behavior
of the polymer matrix, differential scanning calorimery (DSC) measurements
were carried out. The DSC profiles of the polymers and nanocomposites recorded
during heating and cooling scans are displayed in Figures 6. The introduction of
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the nanoparticles into the polymers raises the crystallization temperatures, from
~100 °C for P(VDF-TrFE-CTFE) to ~106 °C for the nanocomposite containing
5 vol % BaTiO3. An even larger shift of about 20 °C has been observed in the
P(VDF-CTFE) composite with 7 vol % BaTiO3 nanoparticles, illustrating the role
of the nanoparticles as a nucleating agent in the crystallization of the polymer
matrix. Consistent with the change in the crystallization temperatures, the heat of
fusion in the nanocomposites increases from 18.3 J/g from P(VDF-TrFE-CTFE) to
20.7 J/g for the composite with 5 vol % BaTiO3 nanoparticles, which corresponds
to a change of the degree of crystallinity from 21% for the neat polymer to 24%
for the composites. On the contrary, the melting temperatures decrease in the
composites compared to that in the polymer. This suggests that the presence of
the nanoparticles in the matrix decreases the crystal size of the polymer, which is
in agreement with the decrease of the crystallization temperatures and the heat of
fusion with further increasing of the volume fraction of the BaTiO3 nanoparticle
(27). Nevertheless, it is believed that the enhanced electric displacement yielded
from the nanoparticles, rather than the changes in the crystallinity of the polymer
matrix, is mainly responsible for the observed increase in the energy density in
the nanocomposites (13).

Polymer-TiO2 Nanocomposites

Morphology

The formation of Ba-OH surface groups greatly enhances the dispersibility of
the TiO2 nanoparticles in organic media. As revealed in DLS measurements, the
surface-modified TiO2 nanoparticles can be dispersed in DMF with an average
aggregation size of ~60 nm and an overall size below 100 nm. Figure 7 shows
a cross-sectional field-emission scanning electron microscopic (FESEM) image
of the nanocomposite containing 30 vol% TiO2. The TiO2 nanoparticles are
homogeneously dispersed in the polymer matrix with an average size about 50-70
nm, suggesting that the particles are successfully transformed from solution to
solid states with minimized agglomeration.

Dielectric Properties

The dielectric permittivity of the barium hydroxide-functionalized TiO2
nanoparticles was determined ~42 at room temperature and 1kHz by impedance
spectroscopy using an appropriate equivalent circuit model (22). Figure 8
illustrates the frequency-dependent dielectric permittivity and loss tangent at
different loading. Since the P(VDF-TrFE-CTFE) matrix has a similar dielectric
constant (~47 at 1kHz) with the TiO2 filler, a marked change of the low-field
dielectric permittivity was not observed in the nanocomposites. As a comparison,
the composites of [P(VDF-CTFE) 91/9 mol%] with the TiO2 nanoparticles
were also fabricated. The gradual increase of dielectric permittivity with the
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concentration of TiO2 in the P(VDF-CTFE) nanocomposites is attributed to
higher dielectric permittivity of the filler relative to the polymer matrix which has
a permittivity of 12. In both composites, the loss tangents show little variation as
a function of the TiO2 concentration, further indicating that the surface-modified
nanoparticles are well-dispersed in the polymers and consequently, the dielectric
loss mainly originates from the polymer matrix.

Figure 9. Temperature dependence of dielectric responses of a) P
(VDF-TrFE-CTFE) and b) P (VDF-TrFE-CTFE) –TiO2 with 10 vol % TiO2 at
different frequencies in the heating process [dielectric constant (from top to
bottom), and dielectric loss (from bottom to top)]: 0.1 k, 1 k, 10 k, 100 k, and

1 MHz.
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Figure 10. a) The stored energy density of the polymer and nanocomposites
as a function of the applied field. b) The dependence of maximum electric
displacement on the TiO2 content in the nanocomposites at 200 MV/m.

The temperature dependent dielectric permittivity shows broad peak at 23
°C in P(VDF-TrFE-CTFE) is the consequence of the kinetics related to freezing
of dipolar motion in ferroelectric relaxor (28). (Figure 9) Incorporation of TiO2
nanoparticles into the polymer shows the appearance of a new dielectric anomaly
at 38 °C, which can be ascribed to the dipolar glass freezing transition from the
polymer chains surrounding the nanoparticles. In accordance with the changes
in crystalline size and thermal transition temperatures discussed in the following
section, the presence of the particles restricts the chain mobility of nearby
polymers and thus enhances activation energy of the transition. A shift of the
dielectric relaxation peak towards a lower temperature and a reduced dielectric
loss tangent are also observed, which is indicative of interface polarization
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Figure 11. DSC curves of the polymer and nanocomposites during the cooling
cycle.

interaction and an increased trap density in the nanocomposites (29). Thermally
stimulated current (TSC) measurements have been performed on the polymers
and the nanocomposites, where the samples are first poled at room temperature
by applying an electric field of 10 MV/m for 10 min and then are heated
with a ramp rate of 4 °C/min. It was found that the nanocomposites generate
two-orders-of-magnitude higher TSC than the polymer matrix, confirming that
large amounts of charge are trapped presumably around the polymer/nanoparticle
interface regions under an applied electric field.

A strong dependence of the energy density of the P(VDF-TrFE-CTFE)
nanocomposites on the TiO2 concentration has been revealed in Figure 10, where
the energy density of the composites was found to maximize at around 10 vol%
TiO2 content. A further increase in the TiO2 concentration leads to a decreased
energy density. This trend is likely associated with the interface effect which is
proportional to the interfacial area (30). For a composite containing 10 vol%
nanoparticles with a 20 x 70 nm rod-shaped dimension and ideally uniform
dispersion, the calculated inter-particle distance is around 40 nm. As the thickness
of the interface region is generally estimated to be ~20 nm, the volume fraction
of the polymer chains residing in the interfacial area reaches a maximum at a 10
vol% content of nanoparticles. The large interface area in the nanocomposites
would produce the Maxwell-Wagner-Sillars (MWS) interfacial polarization
at low frequencies and/or leads to an “interaction zone” with Gouy-Chapman
diffuse layer, thereby greatly affecting polarization and dielectric responses of the
polymer matrix (29, 30). Indeed, as shown in Figure 10b, the incorporation of the
TiO2 nanoparticles into the polymer induces an improved electric displacement,
which accounts for high energy densities observed in the nanocomposites. Under
an applied field of 200 MV/m, the maximum displacement in the neat polymer
is 6.3 µC/cm2. The electric displacement of the nanocomposites monotonically
increases to 7.62 µC/cm2 as the TiO2 content increases to 10 vol%. The decrease
in electric displacement and energy density with the further increase of the
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nanoparticle concentration is presumably caused by the coalescing of the interface
region and a reduction of the interface effect.

Effect of TiO2 on Microstructure

Differential scanning calorimery (DSC), dynamic mechanical analysis
(DMA) and WAXD measurements have been carried out to examine the effect
of TiO2 nanoparticles on the microstructure of P(VDF-TrFE-CTFE) matrix.
As revealed in the DSC profile obtained in the cooling scan (Figure 11), the
crystallization temperature (Tc) of the nanocomposites shifts by around 3 °C,
from ~100 °C for P(VDF-TrFE-CTFE) to ~103 °C for the nanocomposite with
2.5 vol% TiO2 nanoparticles. The glass transition temperatures (Tg) measured by
DMA gradually increase from -27.6 °C in P(VDF-TrFE-CTFE) to -24.5 °C in the
2.5 vol%-TiO2 nanocomposite. No further change was found as the concentration
of TiO2 increases, which indicates the effect of TiO2 filler on the thermal transition
is saturated at a loading of 2.5 vol%. The introduction of TiO2 also results in an
increase of the heat of fusion from ~18.3 J/g for the polymer to ~22 J/g for the
nanocomposite containing 2.5 vol% TiO2 nanoparticles, implying a raise of the
degree of crystallinity from 21% in the polymer to 25.5% in the nanocomposite
(31). Similarly, no noticeable change in the heat of fusion has been observed as
the volume fraction of TiO2 nanoparticle further increases.

The WAXD patterns of the nanocomposites display a main peak at a 2θ angle
of 18.2° corresponding to the compound (020) and (002) diffractions from the
α and γ phases in the polymer. (Figure 12) (32) The diffraction peaks at 27.4,
36.1, 41.3 and 44.0° are attributed to the rutile phase TiO2, whose intensities are
obviously pronounced as the concentration of the nanoparticle increases. The size
of the crystalline domain was calculated by using Scherrer’s formula, t=λ/Bcosθ,
where t is the crystallite size, λ is the wavelength (1.54 Å), B is the normalized
full width at half maximum (fwhm) of diffraction peak, and θ is the diffraction
angle. The inclusion of TiO2 nanoparticles significantly reduces the crystallite
size from ~8 nm in the polymer to ~3.7 nm in the nanocomposites. This result
is in agreement with the change of melting temperature (Tm) observed in DSC
studies, in which Tm decreases from 128 °C for the neat polymer to ~123 °C for
the nanocomposites. The nanoparticle acts as a nucleating agent and improves
the degree of crystallinity of the polymer matrix, consistent with other reports.
((33), (34)) On the other hand, the presence of the nanoparticles suppresses the
recrystallization process and affords reduction in size of the crystalline domain
in the polymer. Both of these effects induced by the nanoparticles are highly
beneficial for large polarization at high electric fields. As the crystalline region in
the polymer is responsible for polarization, an improved crystallinity would offer
a high polarizability and an enhanced permittivity, whereas smaller crystalline
domains suggest a low energy barrier in phase transition from disordered
trans-gauche chain conformation (TGTG’ and T3GT3G’ in the α and γ phases,
respectively) to the polar β phase with all-trans conformation yielded from the
orientation under an applied electric field. Consequently, polarization can be
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Figure 12. WAXD spectra of P(VDF-CTFE-TrFE) and nanocomposites.

induced to a high degree at lower electric fields in the nanocomposites compared
to those in the neat polymer.

Conclusion

In summary, nanocomposites based on the surface-functionalized BaTiO3
and TiO2 nanoparticles and ferroelectric polymers were prepared. The presence
of organic surface layers on the particle affords excellent compatibility between
the fillers and the polymer matrix and ensures uniform composite films even at
higher filler concentrations. It was found that the presence of the nano-scale filler
favors a higher degree of crystallinity in the polymer. The dielectric permittivity
of the polymer matrix plays a dominant role in determining the energy density
of the nanocomposite. On the other hand, substantial enhancements in electric
displacement and energy density at high electric fields have been demonstrated
in the nanocomposites. The interfacial region between the matrix and fillers is
interpreted as the origin of enhanced dielectric displacement. This interfacial
polarization phenomena and coupling effect will be further explored in the future.
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Chapter 5

Ultrafast IR Spectroscopic Study of Free
Carrier Formation in OPV Polymer Blends

Ryan D. Pensack, Kyle M. Banyas, and John B. Asbury*

Department of Chemistry, Pennsylvania State University, University Park,
PA 16802

*jasbury@psu.edu

A new charge separation mechanism arising from interfacial
dipolar fields at interfaces of organic photovoltaic materials
has been identified using ultrafast infrared spectroscopy. This
mechanism, termed electric field-assisted charge separation, is
in part responsible for the surprisingly rapid and efficient charge
separation that is observed in OPV materials. The dynamics
of interfacial electron transfer and free carrier formation
are examined through the carbonyl stretch of an electron
accepting functionalized fullerene in a blend with an electron
donating conjugated polymer. Free carrier formation following
photoexcitation occurs on the 1 – 10 ps time scale, which
suggests that the Coulombic binding energy is considerably
smaller than the value predicted from the dielectric properties
of the materials. The electric field that assists the separation of
the charge carriers arises from interfacial dipoles that form due
to spontaneous partial charge transfer from the polymer to the
fullerene.

Introduction

Organic solar cells based on organic photovoltaic (OPV) materials offer
promising alternatives to large area solar modules because they can be processed
from solution (1–4). OPV materials are excitonic in nature (5–7) which requires
that electrons and holes be separated by electron transfer from electron donating
to electron accepting materials. For electron transfer to occur, photogenerated

© 2010 American Chemical Society
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excitations (principally excitons) must first diffuse to the donor/acceptor
interfaces. Following interfacial electron transfer from the electron donor to the
acceptor, the electron-hole pairs (biradical pairs) that form at the interfaces are
bound to the interfaces by their mutual Coulombic attraction which can be several
tenths on an electron-volt (eV) (8, 9). This Coulombic attraction should not be
misinterpreted as the exciton binding energy in the polymer (10). Given that free
carrier formation in OPV materials requires that the biradical pairs escape these
Coulombic potentials that are more than ten times greater than the thermal energy
that is available at room temperature, it may seem surprising that free carriers
form readily in these materials.

Conventional wisdom in the OPV community predicts that efficient
free carrier formation can occur in OPV materials as long as free energy
differences between the lowest unoccupied molecular orbital (LUMO) of
the donor and the LUMO of the acceptor are in the 0.3 – 0.4 eV range (6,
11–13). In contrast, the polymers that have been extensively studied in organic
solar cells, poly(2-methoxy-5-(3,7-dimethyloctyloxy)-1,4-phenylenevinylene)
and regioregular poly(3-hexylthiophene), referred to here and afterward as
MDMO-PPV and RR-P3HT, respectively, have free energy differences compared
with PCBM of about 1 eV (5, 6). The structures of these materials are depicted
in Fig. 1.

Considerable research has been undertaken to tune the energy levels of the
materials in an effort to reduce the amount of energy that is ‘wasted’ in organic
solar cells as a result of these large free energy differences (12–27). However,
the Durrant group recently suggested that large free energy differences may be
necessary to facilitate efficient free carrier formation (9). This group recently
reported a correlation between the polymer-PCBM LUMO free energy difference
and the efficiency of free carrier formation for a series of polythiophene variants
blended with PCBM. The authors suggested that the excess vibrational energy
which results from large free energy differences may be critical to the efficient
escape of biradical pairs from their Coulombic potentials at the interfaces.

The uncertainty about the role of excess vibrational energy in the free
carrier formation mechanism suggests that fundamental understanding of this
process is incomplete. A more thorough understanding of this process may
lead to novel approaches to tune the charge collection efficiency of OPV
devices with the practical aim of developing more efficient organic solar
cells. We have recently demonstrated that ultrafast vibrational spectroscopy
offers the unique ability to directly examine the dynamics of free carrier
formation in OPV materials (28–32). In this chapter, we describe our
recent use of this technique to examine charge carrier dynamics in an
OPV material composed of PCBM blended with the conjugated polymer,
poly[2-methoxy-5-(2-ethylhexyloxy)-1,4-(1-cyanovinylene-1,4-phenylene)]
(CN-MEH-PPV, see Fig. 2).

The frequency of the carbonyl (C=O) stretch of the methyl ester group
of PCBM is sensitive to changes in the local charge distribution following
electron transfer from CN-MEH-PPV (28–32). This sensitivity permits the
dynamics of interfacial electron transfer to be measured through changes in the
transient vibrational spectra of the carbonyl bond following optical excitation of
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CN-MEH-PPV. The carbonyl bond stretch frequency also varies radially within
the PCBM domains such that molecules at the interfaces with CN-MEH-PPV have
higher frequency carbonyl stretch modes compared with molecules in the centers
of the domains (29). This sensitivity results in part from the presence of electric
fields arising from interfacial dipoles that form at the CN-MEH-PPV:PCBM
junctions. The spatial dependence of these electric fields gives rise to variation of
the carbonyl frequency with the radial position of PCBM molecules within the
roughly spherical domains. This gradient in the vibrational frequency permits
the direct measurement of the dynamics of free carrier formation by spatially
resolving the separation of biradical pairs at the interfaces. Free carrier formation
occurs surprisingly quickly – an observation that we explain through the influence
of the electric fields arising from the interfacial dipoles. The resulting dipolar
fields decrease the Coulombic binding energy of the biradical pairs at the
interfaces – thus facilitating their rapid escape from the interfaces.

Experimental Procedures

The experimental procedures have been described in detail elsewhere (29, 30).
Briefly, the ultrafast IR spectroscopy instrumentation is based on a Ti:sapphire
laser system which is used to pump two optical parametric amplifiers (OPAs).
One OPA is used to generate mid-infrared (IR) pulses that serve as the probe
source for all experiments and as the IR pump pulse for two-dimensional (2D)
IR and polarization resolved IR pump-probe experiments. For the experiments
reported here, the probe is tuned to the 5.8 µm region to probe the carbonyl stretch
of PCBM. The second OPA is used to generate tunable visible pump pulses that
can be adjusted to specifically excite CN-MEH-PPV at 550 nm.

A transmissive beam geometry is used for the visible pump-IR probe
experiments in which the sample consists of a thin photovoltaic film deposited
onto the front surface of a CaF2 optical flat. A reflective beam geometry is
utilized for the 2D IR and polarization resolved IR pump-probe experiments.
Both geometries virtually eliminate non-resonant contributions to the transient
signals. The polymer blends are deposited onto the appropriate substrates from
chlorobenzene solutions. All experiments are conducted under inert nitrogen
atmosphere.

Interfacial Electron Transfer Dynamics

The primary events following photon absorption involve diffusion of
the resulting excitons to interfaces between CN-MEH-PPV and PCBM with
subsequent electron transfer on ultrafast time scales. In the polymer blends
reported here, the electron transfer dynamics from the polymer to PCBM are
examined by probing the carbonyl (C=O) stretch vibrational absorption of PCBM
after selectively exciting the polymer at 550 nm. The linear IR absorption
spectrum of a 1:1 blend (by mass) of CN-MEH-PPV with PCBM is displayed
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Figure 1. Molecular structures of two polymeric electron donors, MDMO-PPV
and RR-P3HT, and the electron accepting fullerene, PCBM, that have been

studied in organic solar cells.

Figure 2. Molecular structure of the conjugated polymer, CN-MEH-PPV, which
was blended with PCBM and studied using ultrafast vibrational spectroscopy

as reported here.

in the lower panel of Fig. 3 along with a spectrum of pure CN-MEH-PPV for
comparison. The spectra show that the carbonyl absorption of PCBM is spectrally
isolated which facilitates unambiguous measurement of the electron transfer
dynamics without interference from other species.

Transient IR spectra collected using visible pump-IR probe spectroscopy
and centered on the carbonyl stretch of PCBM are depicted in the upper panel
of Fig. 3 at several time delays following optical excitation of a 1:1 blend of the
molecule with CN-MEH-PPV. The spectra at each time delay are characterized
by a broad absorption that results from polarons in the polymer (33–40) and
a reduced absorption of the ground to first excited state (0 → 1) vibrational
transition of the carbonyl stretch (termed a bleach). The area of the carbonyl
bleach in the transient spectra is proportional to the concentration of electrons
that have transferred to the PCBM domains at the corresponding time delay. A
fitting procedure was developed to quantitatively extract the bleach spectra from
the transient vibrational spectra (29). Examples of the fitting results are visible as
the smooth lines overlaying the data in the transient vibrational spectra displayed
in Fig. 3.

The dynamics of interfacial electron transfer are obtained by integrating
the bleach of the carbonyl stretch of PCBM at each time delay recorded in the
experiment. The main panel of Fig. 4 displays the time evolution of the area of
the PCBM carbonyl bleach. Following an initial rise, the bleach area decreases
slightly due to back electron transfer from PCBM to the polymer.
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Figure 3. Upper panel: Comparison of transient IR spectra of the 1:1 polymer
blend following optical excitation at 550 nm with best fit spectra used to extract
the C=O stretch bleach. Lower panel: Linear IR spectra of the 1:1 polymer
blend compared with the pure polymer. The polymer does not have an IR-active
vibrational mode at 1740 cm-1. All transient vibrational features arise from

transferring electrons to PCBM. (Reproduced from reference (30).)

We have recently shown that the bleach area undergoes a second rise on the
nanosecond time scale due to diffusion of excitations to the CN-MEH-PPV:PCBM
interfaces (30). The time dependence of the second rise matches the excited
state lifetime of the CN-MEH-PPV film, confirming that the second rise results
from exciton diffusion. The inset of Fig. 4 represents the time evolution of
the bleach area on a shorter time scale. A multi-exponential fit curve that
is convolved with the 200 fs instrument response function is overlaid on the
data. The fit curve represents an electron transfer process to PCBM that occurs
on multiple time scales ranging from 90 fs (~ 30%) to 0.9 ps (~ 70%) (30).
These dynamics are similar to previous measurements of electron transfer in
conjugated polymer/fullerene blends (41–46). The biphasic dynamics indicate
that electron transfer occurs from a distribution of distances and/or orientations
of CN-MEH-PPV conjugated segments relative to PCBM molecules (32).
The longer time scale electron transfer process may originate from conjugated
segments that are displaced from PCBM molecules by one polymer layer or
which present their 2-ethylhexyloxy side group to the fullerene acceptor.
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Figure 4. Integrated area of the carbonyl bleach of PCBM versus the
corresponding time delay for the 1:1 polymer blend plotted on a linear time
axis. Inset) The first five picoseconds of the same data showing the gradual rise
resulting from interfacial electron transfer on the 90 fs and 0.9 ps time scales.

Figure 5. Two-dimensional surface plot of the carbonyl bleach spectrum versus
the corresponding time delay. The 0 and 1 markers indicate the regions of low
and high amplitude. The bleach spectra shift toward the equilibrium center

frequency of 1740 cm-1 as electrons escape from the interfaces and move toward
the interior regions of the domains. (Reproduced from reference (29).)
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Radial Motion of Electrons

Interfacial electron transfer does not result directly in free carrier formation
in excitonic materials (47–49). Instead, biradical pairs are generated that consist
of a hole in the donor phase and an electron in the acceptor phase. These carriers
are Coulombically bound to the interface by in many cases several tenths of
an electron-volt (8, 9). Free carrier formation requires that the charge carriers
escape from this Coulombic potential and dissociate the biradical pair. The time
dependence of this process is revealed through the time evolution of the carbonyl
bleach spectra which are sensitive to the motion of electrons within the PCBM
domains after the initial interfacial electron transfer step. The fitting procedure
used to extract the carbonyl bleach spectra from the transient IR data displayed in
Fig. 3 enable the time dependence of the bleach spectra to be carefully analyzed
(29, 30, 32).

Figure 5 displays the carbonyl bleach spectra in a two-dimensional surface
plot versus the corresponding time delay (horizontal axis). The axis has been
plotted on a logarithmic scale to highlight the extended time dependence of
the bleach spectra. The dashed curve is a guide to the eye showing the shift of
the bleach spectrum toward the equilibrium center frequency at 1740 cm-1 at
longer time delays between the 550 nm optical excitation pulse and the IR probe
pulse. The data indicate that the bleach of the carbonyl stretch of PCBM appears
several wavenumbers higher in frequency in comparison to the equilibrium
carbonyl stretch peak that is measured using linear IR spectroscopy. The subset
of molecules that accept electrons from CN-MEH-PPV possess higher frequency
carbonyl stretch modes in comparison to the ensemble of PCBM molecules in
the polymer blend. Because electron transfer is highly distance dependent (50,
51), the appearance of the bleach on the higher frequency side of the transition
indicates that molecules at the interfaces of the PCBM domains have higher
frequency carbonyl bonds because these are the molecules that accept electrons.
By extension, PCBM molecules that do not accept electrons from the polymer
have lower frequency carbonyl bonds. These molecules are interpreted as being
buried within the PCBM domains and are therefore not available to be the primary
electron accepting species in the ultrafast electron transfer reaction. Figure 6
illustrates these conclusions.

Further evidence for the shift of the carbonyl frequency with radial position
has been obtained from composition dependent linear IR studies (29, 32). As CN-
MEH-PPV is added to films of pure PCBM, the carbonyl stretch shifts to higher
frequency. Because the polymer has negligible absorption around 1740 cm-1, the
frequency shift results from a perturbation of the carbonyl stretch by the presence
of the polymer. Since the interactions that cause this shift are concentrated at the
polymer:PCBM interface, it stands to reason that PCBMmolecules at the interface
have higher frequency carbonyl bonds – consistent with the spectra of the carbonyl
bleach immediately following interfacial electron transfer (Fig. 5).
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Figure 6. Schematic illustration of the correlation of the carbonyl frequency
with radial position in the PCBM domains. PCBM molecules near the
CN-MEH-PPV:PCBM interfaces have higher frequency carbonyl stretch
vibrations in comparison to molecules that reside in the bulk of the PCBM

domains.

Origin of the Frequency Correlation with Radial Position

The shift of the carbonyl frequency with radial position in PCBM domains
may be understood in terms of the vibrational Stark effect (52–54). The Stark
shift of the carbonyl vibration of PCBM results from the formation of interfacial
dipoles due to spontaneous charge transfer at the CN-MEH-PPV:PCBM
junctions. Interfacial dipoles have been observed at numerous organic-organic
electron donor/acceptor junctions with corresponding vacuum level shifts
on the order of several tenths of an electron-volt (55–64). For example, a
vacuum level shift of 0.25 eV was recently reported for interfaces between
p-bis[(p-styryl)styryl]benzene and C60 with a corresponding interfacial dipole
of 4.7 Debye (55). A vacuum level shift of 0.6 eV has been reported for
P3HT/C60 interfaces (64). In both cases, the negative poles of the dipoles
reside on the C60 side. We hypothesize that similar interfacial dipoles form
at the CN-MEH-PPV:PCBM interfaces because the ionization potential and
electron affinity of the materials are quite different (65, 66). On the basis of
this hypothesis, an electric field is expected to form spontaneously as a result
of interfacial dipoles at the CN-MEH-PPV:PCBM interfaces resulting in a
vibrational Stark shift of the carbonyl bond. The electric field decreases rapidly
with distance from the interface because the dipoles are centered on the junctions
between the two materials. This radial variation in the electric field naturally
gives rise to the correlation of the carbonyl frequency with radial position in
CN-MEH-PPV:PCBM blends.

The validity of the hypothesis that interfacial dipoles give rise to the
correlation of the carbonyl frequency with radial position can be tested by
calculating the resulting electric field. As a starting point, the interfacial
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Figure 7. Schematic illustration of a CN-MEH-PPV:PCBM interface showing
spontaneous partial charge transfer from the polymer to PCBM that results in
charge densities σ+ and σ– in the two layers, respectively. An electric field forms
at the PCBM domain interfaces as a result of the interfacial dipoles. The PCBM

domains are modeled as spheres surrounded by CN-MEH-PPV layers.

Figure 8. Variation of electric field as a result of the collective addition of
interfacial dipoles versus radial position within the PCBM domains. Surprisingly

large electric fields form at the interfaces of the PCBM domains.

dipoles can be estimated on the basis of the parameters for the interfacial
dipole considered by Bässler and coworkers in which a partial charge of ~
1.6 * 10-20 C (10% of an elementary charge) was estimated to transfer from
p-bis[(p-styryl)styryl]benzene to C60 at a 1 nm separation (55). Figure 7 represents
a model of the CN-MEH-PPV:PCBM interface in which a shell of polymer in
contact with a PCBM domain develops a positive charge density equal to σ+ due
to partial charge redistribution. Each conjugated segment in direct contact with a
PCBM domain is assumed to transfer about 10% of an elementary charge to the
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nearest PCBM molecule. This partial charge transfer results in a negative charge
density in the outer shell of a PCBM domain equal to σ–.

Figure 8 displays the variation of the electric field estimated at the
CN-MEH-PPV:PCBM interfaces. The electric field at a particular distance along
the interface normal, ro, resulting from the collective addition of the charge
densities at the interface was recently calculated (32). Surprisingly large fields
on the order of 107 – 108 V/m result from the formation of the interfacial dipoles.
Electric fields are known to influence the frequency of molecular vibrations
through the vibrational Stark effect. The influence of an electric field on a
particular vibration of a molecule is described by the Stark tuning rate. Stark
tuning rates have not been measured for the ester carbonyl stretch mode. Boxer
and coworkers recently measured the tuning rate for acetone and methyl vinyl
ketone at approximately 1 cm-1/(108 V/m) (52). A vibrational Stark shift of a
few tenths of a wavenumber is predicted on the basis of these results – which
indicates that the vibrational Stark effect is partially responsible for the correlation
of the carbonyl frequency of PCBM with radial position within the domains.
Another influence that may affect the carbonyl stretch of PCBM is the difference
in polarity between the CN-MEH-PPV phase and the PCBM phase. The polarity
of the solvent environment is known to shift the frequency of carbonyl bonds
several wavenumbers, and this effect may contribute to the radial variation of the
carbonyl frequency.

Free Carrier Formation Dynamics

The fitting procedure used to extract the bleach spectra from the transient
IR data displayed in Fig. 3 allows the center frequency of the bleach peak to
be precisely determined (29). Figure 9A displays the center frequency of the
carbonyl bleach at each time delay recorded in the transient IR experiment on
a logarithmic time axis. The data indicate that the carbonyl bleach shifts toward
the equilibrium spectrum with increasing time delay between the pump and the
probe pulses. For reference, the equilibrium center frequency of 1740 cm-1 is
represented by the dotted line. The transfer of electrons to PCBMmolecules at the
interfaces of the domains on ultrafast time scales results in the appearance of the
ground state bleach of the PCBM carbonyl stretch on the higher frequency side
of the transition. Following this initial interfacial electron transfer reaction, the
center frequency of the carbonyl bleach proceeds to shift toward the equilibrium
frequency on numerous time scales ranging from a few hundred femtoseconds to
many nanoseconds.

The spectral evolution of the carbonyl bleach with increasing time delay could
have numerous causes related to i) interference from the PCBM negative polaron,
ii) thermal redistribution in the film, iii) vibrational spectral diffusion within the
carbonyl transition, or iv) motion of electrons in the PCBM domains. The first
three causes have been eliminated on the basis of the following experiments. i)
transient IR spectra have been recorded over a broad frequency range centered
on the 1740 cm-1 region of the carbonyl bleach in an effort to locate the negative
polaron absorption. On ultrafast time scales, the PCBM negative polaron does
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not absorb in this spectral region (30). As a result, the bleach spectrum is not
influenced by dynamics of the PCBM negative polaron. ii) by examining the
temperature dependence of the linear IR spectrum of the carbonyl absorption
peak, it has been determined that the frequency of this mode is very insensitive
to temperature (29) – thus the spectral evolution does not result from thermal
redistribution. iii) spectral diffusion in the carbonyl transition was examined
using 2D IR spectroscopy (28). The 2D IR experiments show that the carbonyl
transition is inhomogeneously broadened such that the dynamically broadened
line shape is much narrower than the inhomogeneous line shape (giving rise to
diagonally elongated peaks). The dynamically broadened line shapes in the 2D IR
spectra are time independent after a 1 ps time delay between the narrow-band IR
pump pulse and the broad-band IR probe pulse – indicating that spectral diffusion
does not occur in the carbonyl stretch mode on the 1 ps and longer time scales
(29). The fast frequency evolution observed on the sub-picosecond time scale
in Fig. 9A may result from spectral diffusion. The 2D IR spectra do not reveal
spectral diffusion on this time scale because the self-heterodyned pump-probe
experimental approach averages over the dynamics that occur while the ~ 1 ps IR
pump pulse interacts with the sample (67).

After eliminating the first three explanations for the spectral evolution of the
carbonyl bleach of PCBM on the 1 ps time scale and longer, the physical picture
represented in Fig. 9B emerges (32). Interfacial electron transfer occurs on the
sub-100 fs to sub-ps time scales following exciton diffusion to the CN-MEH-
PPV:PCBM interfaces. Immediately after this process, electrons begin to escape
their Coulombic potentials at the interfaces and dissociate the biradical pairs.

This initial motion represents the primary step in free carrier formation and
results in the spectral evolution of the carbonyl bleach that appears on the 1 – 10
ps time scale in Fig. 9A. As the electrons diffuse or drift into the PCBM domains,
they restore the neutral ground state absorption of the molecules at the interfaces
and reduce the absorption of molecules that reside in more interior locations. This
exchange of molecules with higher frequency carbonyl bonds for those with lower
frequency bonds gives rise to the spectral shift to lower frequency that is observed
in the data. The rapid time evolution of the carbonyl bleach frequency indicates
that electrons are able to escape their Coulombic barriers surprisingly quickly in
spite of the large activation energy of several tenths of an electron-volt that is
expected (8, 9). The continued evolution of the carbonyl bleach frequency on
longer time scales results from diffusion or drift of electrons further into the PCBM
domains (29).

Such fast escape of electrons from their biradical pairs is surprising
considering the depth of the Coulombic potentials that bind them to the interfaces.
The data suggest a rate v for free carrier formation between 1012 and 1011 s-1. A
similar rate of charge separation has been observed in RR-P3HT:PCBM blends
(46). To estimate the effective activation energy for free carrier formation, the
Arrhenius picture of an activated process is adopted with a rate, v = voexp(–E‡/kT),
that depends on the maximum attempt frequency, vo, the activation energy,
E‡, and the temperature, T. k is Boltzmann’s constant. The highest frequency
Frank-Condon active vibrational modes of C60 that are known to be involved
in electron transfer are the Ag(2) and T1u(4) modes around 1400 cm-1 (68)(69).
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Adopting these modes for PCBM, the maximum electron transfer attempt
frequency between PCBM molecules, vo = 4·1013 s-1, can be estimated. Letting
the temperature equal 300 K, the data suggest that electrons which transfer on
the picosecond time scale experience an activation energy between 0.1 and 0.15
eV – considerably smaller than the expected Coulombic binding energy of the
biradical pairs. The estimated activation energy would be even smaller if lower
frequency vibrations are involved.

Figure 9. A) Plot of the carbonyl bleach center frequency versus corresponding
time delay. B) Schematic illustration of the CN-MEH-PPV:PCBM interface
that summarizes the physical model by which we interpret the data. Following
interfacial electron transfer from CN-MEH-PPV, electrons escape the Coulombic

binding energy of the holes on the 1 – 10 ps time scale.

Field-Assisted Free Carrier Formation

Free carrier formation occurs quickly in organic photovoltaic materials due to
a smaller than expected activation energy for escape from the biradical pairs that
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form following interfacial electron transfer (32). The effective activation energy
is reduced as a result of the influence of the electric field that originates from
interfacial dipoles. Because the negative ends of the dipoles lie in the acceptor
phase, an electron that transfers to the acceptor is repelled by this charge while it
is simultaneously attracted to the hole in the polymer phase. The net result is a
reduction of the Coulombic binding energy of the biradical pair. This argument is
similar to a model proposed by Bässler and coworkers (55).

Figure 10. Comparison of the potential energy versus electron-hole separation
at CN-MEH-PPV:PCBM interfaces in the presence and absence of interfacial
dipoles. The electric field arising from the interfacial dipoles reduces the

effective Coulombic binding energy of the biradical pairs by nearly one tenth
of an electron volt which significantly aids the escape of electrons from the

interfaces on ultrafast time scales.

The Coulombic attraction of an electron to a hole as a function of the
separation of the electron from the interface was recently calculated in the
presence and absence of an electric field arising from interfacial dipoles (32). The
results of this calculation are represented in Fig. 10 in which the potential energy
due to the Coulombic attraction of the electron and hole are plotted verses the
separation of electrons from the PCBM domain interfaces. The calculations show
that the Coulombic binding energy is reduced by about 0.1 eV – a significant
fraction of the difference between the observed activation energy for free carrier
formation and the activation energy predicted from the dielectric properties of the
materials. Other factors may be important since the effect of the electric field may
not completely account for the observed reduction of the activation energy.

A complementary explanation to the electric field-assisted free carrier
formation mechanism described above was recently posited by the Durrant
group (9). Examining a series of polythiophenes with various LUMO energy
levels relative to PCBM, Durrant and coworkers discovered that the free carrier
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formation efficiency of OPV blends decreased as the free energy difference was
reduced in the electron transfer reaction. The authors suggested that excess
vibrational energy resulting from the electron transfer reaction facilitates the
escape of electrons and holes from Coulombic potentials that hold the biradical
pairs at the interfaces. Previous explanations along these lines suggested that the
excess vibrational energy is transferred to the holes remaining in the polymer
phase (42, 70).

The experimental observations of the Durrant group are consistent with
trends predicted by the interfacial dipolar field-assisted and the excess vibrational
energy-assisted free carrier formation mechanisms (9). Polymer blends with
greater free energy differences in the electron transfer reaction are more likely to
have excess vibrational energy. Greater interfacial dipoles and associated electric
fields due to spontaneous charge transfer are also expected in these polymer
blends. It is likely that both explanations are important. However the electric
field-assisted free carrier formation mechanism suggests a route toward OPV
materials capable of efficient charge separation without the need for large free
energy differences if molecular self-assembly of polar species can be used to
form interfacial dipolar fields. This approach would enable efficient free carrier
formation while minimizing the ‘wasted’ energy associated with large free energy
differences between the polymer and acceptor LUMO levels.

Summary and Outlook

This chapter describes our recent investigation of interfacial electron transfer
and free carrier formation in an OPV polymer blend using ultrafast vibrational
spectroscopy. Spontaneous charge transfer at junctions between CN-MEH-PPV
and PCBM results in the formation of interfacial dipoles that induce a vibrational
Stark shift in the carbonyl vibration of PCBM. This Stark shift enables the direct
observation of the diffusion of charge carriers through the concomitant spectral
evolution of the carbonyl (C=O) stretch frequency of the methyl ester group of
PCBM. Free carrier formation in the CN-MEH-PPV:PCBM blend occurs on
the few picosecond time scale - surprisingly quickly in view of the substantial
Coulombic barriers arising from the mutual attraction of electrons and holes.

Calculations of the electric field originating from the interfacial dipoles show
that the activation energy for free carrier formation is smaller than the expected
Coulombic binding energy. The negative poles of the dipoles reside in the PCBM
phase and repel electrons from the interfaces. The experimental observations
suggest that the mechanism, field-assisted free carrier formation, may play an
important role in facilitating efficient charge collection in organic solar cells. In
current materials, the interfacial dipoles that produce the electric field arise from
spontaneous charge transfer due to large free energy differences between the
electron donating and accepting materials. However, the field-assisted free carrier
formation mechanism appears to act through a simple electrostatic mechanism.
Thus, a new design criterion is suggested for organic solar cells that may enable
their open-circuit voltages to be maximized without loss of charge collection
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efficiency. In particular, if the electron donor:acceptor interface can be engineered
to create substantial interfacial dipoles via molecular self-assembly of polar
species, then the need for large free energy differences may be reduced. This
approach would reduce the energy that is ‘wasted’ as heat per photon while still
supporting efficient free carrier formation.
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Chapter 6

Recent Progress on Highly Efficient Bulk
Heterojunction Polymer Solar Cells

Shengqiang Xiao,1,2 Samuel C. Price,1 Huaxing Zhou,1 and Wei You*,1
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Chapel Hill, NC, 27599-3290
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Bulk heterojunction polymer solar cells, based on thin films of
polymer/fullerene blends, have progressed rapidly during the
past few years. Efficiencies over 6% have been achieved in
research labs. In this chapter, a brief review on recent progress
was given by focusing on polymers over 3% efficiency in bulk
heterojunction solar cells. Design rationales were summarized,
as well as the general methods for morphology control.

Introduction

In order to sustain the economic growth of the World, there has always
been insatiable need for energy, 85% of which is provided by burning fossil
fuels (such as coal, oil and natural gas). While these natural resources provide
cheap and easily accessible energy sources, the large scale consumption of
these present two serious problems to mankind. The first problem is the limited
reserve of these natural resources – it is estimated that all the fossile fuels would
be depleted as early as 2030. Moreover, the tremendous amount of released
green house gases (e.g. CO2) from the combustion of fossil fuels leads to the
second and even more severe problem: global warming. In realizing these
challenges, the scientific community has been looking for new energy sources,
which should be environmentally benign and renewable. Currently as a small
part of the renewable energy portfolio, harvesting energy directly from the Sun
via photovoltaic (PV) technologies is increasingly being recognized as one of

© 2010 American Chemical Society
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the most promising long-term solutions – or maybe the ultimate solution – to a
sustainable future. The past six decades witnessed a rapid development of the
PV technologies, dominated by silicon-based inorganic semiconductors. These
inorganic solar cells have been extensively studied and successfully used for
pragmatic terrestrial applications. Though these cells are relatively efficient (12 ~
15% in the PV modules), the high cost of both materials and manufacturing has
hindered the widespread utilization of this technology. On the other hand, organic
semiconductors, including small-molecule and conjugated polymers developed in
the 1970s and 1980s, were envisaged as a possible alternative for PV applications
over their inorganic counterparts due to their advantages such as low material and
fabrication cost, light weight, and mechanical flexibility (1).

Apart from the PV effect in inorganic solar cells, in which light absorption
leads to direct creation of free electron-hole pairs, organic solar cells operate
under an excitonic mechanism (2, 3). Upon photon absorption, organic materials
first create neutral excitons, typically with diffusion length of 5 – 20 nm,
which must migrate to a donor (D) – acceptor (A) heterojunction interface
for excitons to dissociate into electrons and holes. Subsequently, these charge
carriers can traverse the active layer (i.e. organic composite film) followed by
charge collection at opposite electrodes (4). The most successful method to
construct the active layer is to blend a donor material and an acceptor material
in a bulk-heterojunction (BHJ) configuration to maximize the D-A interfaces.
Specifically, BHJ solar cells based on conjugated polymer-fullerene blends in
which fullerenes acting as electron acceptors, have attracted significant research
interests in the past decades. One notable feature of these semiconducting
polymers is that their physical properties (esp. optical and electrical) can be
tailored by modifying their chemical structures, opening up an essentially
limitless variety of opportunities for optimization. These “tunable” properties
of semiconducting polymers include solubility, molecular weight, bandgap,
molecular orbital energy levels, wetting properties, and structural properties such
as rigidity, conjugation length, and molecule-to-molecule interactions.

The overall energy conversion efficiency (η) of any solar cell is given by:

, where the Voc is the open circuit voltage, Jsc is the short
current density, FF stands for the fill factor, and Pin is the incident light intensity.
In polymer-fullerene BHJ solar cells, the Voc of a device is essentially determined
by the energy difference between the highest occupied molecular orbital (HOMO)
of the donor polymer and the lowest unoccupied molecular orbital (LUMO)
of the acceptor (fullerene) (5, 6). The Jsc depends on the photon absorption of
the blend layer, which is ultimately determined by the bandgap (the difference
between LUMO and HOMO of a semiconductor) and the absorption coefficient
of donor and acceptor semiconductors. Therefore, maximizing the overall energy
conversion efficiency requires a delicate balance of the bandgap and energy levels
of both donor and acceptor materials to collaboratively enhance the Voc and the
Jsc. On the other hand, the nature of short exciton diffusion length (~ 10 nm) of
conjugated polymers renders the morphology of a D-A blend critical on device
properties and performances. It was hypothesized and experimentally proved that
a nm-sized D-A bicontinuous interpenetrating network is the ideal morphology to
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Figure 1. Structures of donor-acceptor copolymers with high PV performances
when blended with fullerene derivatives

maximize device efficiencies. In retrospect, the short history of polymer-fullerene
BHJ solar cells has witnessed various research efforts on topics mentioned above.

In the 1990s, poly(phenylene vinylene)s represented the most studied class
of conjugated polymers in organic solar cells. A record high efficiency of
3.3% was attained by blending poly[2-methoxy-5-(3’,7’-dimethyloctyloxy)-
1,4-phenylene vinylene) (MDMO-PPV) with a soluble fullerene derivative,
[6,6]-phenyl-C61-butyric acid methyl ester (PCBM) (7–9). The next milestone
was set by regioregular poly-(3-hexylthiophene) (RR-P3HT), which offered an
impressive 5% efficiency when applied in a BHJ solar cell in conjugation with
PCBM (10–12). However, the relative large bandgap (1.9 eV) and high HOMO
(-5.1 eV) of P3HT limited further potential improvement on the efficiency.
Therefore, in the past few years, the search for low bandgap polymers has
taken center stage. The field has advanced very rapidly: numerous materials
have been synthezied and their PV properties have been carefully studied. Not
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surprisingly, a new record high efficiency of 6.1% (certified by NREL) was
just reported by a BHJ solar cell of poly[N-9”-heptadecanyl-2,7-carbazole-alt-
5,5-(4’,7’-di-2-thienyl-2’,1’,3’-benzothiadiazole)] (PCDTBT) and a fullerene
derivative, [6,6]-phenyl-C71-butyric acid methyl ester (PC70BM) (13, 14). More
importantly, an internal quantum efficiency of near unity has been obtained at
this particular case, which implied that 10% or even higher efficiency would be
very likely achievable (15). In this chapter, we will present an updated report on
recent research activities in polymer-PCBM BHJ solar cells. In order to make the
discussion more fruitful and inspirational, we limit our selection to polymers that
demonstrated > 3% efficiency in the optimized BHJ devies. In addition to new
materials, there has been significant progress in morphology control via various
processing techniques, which will also be briefly discussed.

Semiconducting Polymers with Engineered Energy Levels
towards High Device Efficiencies

The BHJ solar cell of RR-P3HT and PCBM has been investigated intensively
in the past few years (12). Efficiencies of ~5% have been achieved in a number
of labs for RR-P3HT based BHJ solar cells, largely due to its structural regularity,
strong absorption coefficient, high charge carrier mobility and three-dimensional
nanoscale organization in thin films. However, RR-P3HT/PCBMblend has almost
reached the maximum attainable device performance upon exentive optimization.
Further improvement on device efficiency of RR-P3HT/PCBM BHJ solar cell
is very limited, mainly due to the large bandgap (1.9 eV) of RR-P3HT and its
unmatched energy levels with PCBM.

The control of energy levels and bandgap of donor polymers has been one
of the key issues to be addressed on pursuing new materials to achieve higher
PV efficiency. Theoretical analyses of the optimum device performance as a
function of materials energy levels and bandgap have been carried out, which
serve a useful guidance to the design of new polymers other than P3HT (15).
Two design strategies of donor polymers are commonly adopted by the polymer
PV community in order to further enhance the PV performance. The first one
is to maximum the open circuit voltage (Voc) by lowering the HOMO value of
donor polymers, while ensuring the difference between the LUMO of the donor
and acceptor is large enough to facilitate exciton splitting. The second one is to
improve light absorption via low bandgap polymers, which technically should
help enhance the photocurrent (Jsc). Significant progress has been achieved by
employing individual strategies; for example, Voc greater than 1 V and Jsc larger
than 15 mA/cm2 have been obtained on different polymers. However, to further
enhance the overall energy conversion efficiency, one has to create new synthetic
approaches welding these two strategies together to comprehensively engineer
energy levels and the bandgap of donor polymers, collaboratively improving both
Voc and Jsc.

Continuously lowering the HOMO energy level would potentially lead to a
higher Voc, which, would diminish the Jsc due to the enlarged bandgap. Therefore,

74

D
ow

nl
oa

de
d 

by
 S

T
A

N
FO

R
D

 U
N

IV
 G

R
E

E
N

 L
IB

R
 o

n 
Ju

ne
 2

1,
 2

01
2 

| h
ttp

://
pu

bs
.a

cs
.o

rg
 

 P
ub

lic
at

io
n 

D
at

e 
(W

eb
):

 M
ar

ch
 1

1,
 2

01
0 

| d
oi

: 1
0.

10
21

/b
k-

20
10

-1
03

4.
ch

00
6

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 



Table 1. Donor-Acceptor copolymers with high PV performances when
blended with PC61BM

Poly-
mer

HOMO
(eV)

LUMO
(eV)

Eg(opt)
(eV)

Voc
(V)

Jsc
(mA) FF(%) η (%)a Ref.

(1) -5.80 -3.5 − 1.03 6.3 43.0 2.8 (22, 23)

(2) -5.5 -3.6 1.88 0.89 6.92 63.0 3.6 (13, 24)

(3) -5.39 − 1.82 0.90 9.5 50.7 5.4 (25)

(4) -5.3 -3.57 1.40 0.7 9
11

47.0 2.8
3.2 (PC71BM) (26, 27)

(5) -5.43 -3.66 1.70 0.80
0.80

6.2
10.1

51.0
53.0

2.5
4.3 (PC71BM) (28)

(6) -5.1 -3.4 1.7 (film) 0.66
0.61

9.4
11.3

47.0
58.0

2.9
4.0 (PC71BM) (29)

(7) -5.05 -3.27 1.45 0.68 12.7 55.0 5.1 (PC71BM) (30)
a Indicated in the bracket is the blend of polymer with PC71BM.

an optimal bandgap of 1.5 eV was proposed to compromise the balance of the
output of Voc and Jsc. Moreover, it is generally believed that a minimum energy
difference of 0.3 eV is required to overcome exciton binding energy for efficient
electron transfer from donor polymers to PCBM (16), therefore the HOMO and
LUMO energy levels of the “ideal” donor polymer for a polymer/PCBM BHJ
solar cell are estimated to be around 3.9 eV and 5.4 eV, respectively (17–19).
Since the energy levels and bandgap of a semiconducting polymer can be tuned
and modified via tweaking parameters such as bond length alternation, aromticity,
substitution, planarity and intermolecular interactions (19–21), a wide range of
new donor polymers have been rationally designed and synthesized by adjusting
one of these parameter or more often a synergistic combination (19). However, in
regard to the polymer/PCBM photovoltaic applications, successful examples of an
ideal combination of optimal low bandgap (~1.5 eV) and low-lying HOMO level
(~5.3 eV or lower) on the donor polymers are still very limited.

Donor-Acceptor Approach To Construct Low Bandgap Polymers

The most popular and successful method to tune the energy levels and
bandgap of a semiconducting polymer is the D-A concept, by alternating electron
rich monomers with electron poor monomers via copolymerization. The regular
alternation of donor and acceptor groups leads to a broadening of the valence and
conduction bands and stabilizing the quinoid form by increasing double bond
character between aromatic repeating units, leading to a band gap reduction.
Figure 1 listed the structures of D-A polymers that have demonstrated over 3%
efficiency when they served as donors in polymer/PCBM BHJ solar cells. Table 1
summaried their energy levels, bandgap and their PV performance. A particularly
notable feature is the almost exclusive use of benzothiadiazole as electron poor
monomer, whereas a variety of electron rich monomers have been used, such as
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Figure 2. Aromatic and quinoid forms of poly(benzo[c]thiophene) (a),
poly(thieno[3,4-b]pyrazine (b), and poly(thieno[3,4-b]-thiophene) (c).

thiophene, fused bithiophene, carbozole or fluorene analogues. Closer inspection
revealed that incorporation of benzene into the donor monomer usually lead to a
lower HOMO energy level, resulting a higher Voc in the related BHJ solar cells.
On the other hand, more thiophenes in the conjugated system raise the HOMO
energy level (and thereby smaller Voc); however, a smaller bandgap was generally
obtained, offering a higher Jsc.

It is worth to note that D-A polymers may have intrinsically low charge carrier
mobility since charge carriers are likely to be tightly bound to either the donors
or the acceptors, depending on whether holes or electrons are the major charge
carriers. Low charge carrier mobility hinders the charge transport across the film,
which usually dictates a very thin film (<100 nm) to be employed. Such a thin film
cannot adequately absorb the light within the absorption range of the film. This is
probably the reason why most of these polymers with alternating D-A structures
failed to show expected PV performance, even after extensive optimization.

Incorporation of Stabilized Quinoid Form To Achieve Low Bandgap

Incorporation of a stabilized quinoid form represents another effective
method to tune the bandgap and energy level (to a lesser extent) of semiconducting
polymers. Typically two aromatic units are fused in a particular geometry to
take advantage of the larger value of resonance energy of benzene (1.56 eV)
over thiophene (1.26 eV), so that the thiophene ring tends to de-aromatize to
adopt a quinoid structure. Since the quinoid resonance form is lower in energy
than the aromatic form, stabilizing the quinoid form will effectively reduce
the bandgap of related conjugated polymers. A few successful examples are
shown in Figure 2, including poly(benzo[c]thiophene) (Eg = 1.1 eV) (31),
poly(thieno[3,4-b]pyrazine (Eg = 0.95 eV) (32), and poly(thieno[3,4-b]thiophene)
(Eg = 0.8-0.9 eV) (33, 34). The major drawback of these fused systems lies
in their relatively high-lying HOMO energy levels, which explains that low
bandgap copolymers synthesized by alternating these pre-qunoid monomers
with other aromatic rings such as thiophenes and fluorenes showed low Voc in
BHJ solar cells (35–39). Nevertheless, a series of copolymers by althernating
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thieno[3,4-b]thiophene and benzodithiophene showed improved Voc and very
high Jsc (Table 2). Energy conversion efficiency as high as 6% has been reported
via exquisite chemical modifications to fine-tune energy levels and bandgaps of
this series of polymers (Figure 3) (40, 41).

Morphology Control towards High Efficiencies

In parallel with significant research efforts on engineering energy levels and
bandgaps of novel donor polymers for BHJ PV applications, various approaches
to control the morphology of active D-A blends have also been attempted. The
full potential of any donor polymers in a BHJ blend with PCBM can only be
demonstrated via morphology control of the D-A blend, in order to achieve the
desired nm-sized separated, however continuous two phases.

Annealing and Additives

The effect of annealing is exemplied by RR-P3HT/PCBM BHJ solar cells,
whose device efficiency had stalled at ~ 1-3% for a few years. However,
the efficiency was much improved to 5% via either “solvent annealing” or
“thermal annealing” of the finished device, partly because the semi-crystalline
nature of RR-P3HT facilitated the formation of nm-sized D-A bi-continuous
interpenetrating network upon annealing (42). Though different types of
annealing work well with RR-P3HT/PCBM BHJ solar cells to improve the
device performance, the “annealing” method rarely helped other polymer/PCBM
BHJ systems, mainly due to the amorphous nature of most newly synthesized
conjugated polymers. The rescue came from a rather serendipitous approach:
adding a small amount of additives to the polymer/PCBM blend. It is believed
that these additives (e.g. diiodooctane, octanedithiol) selectively dissolved PCBM
(or PC70BM), aggregating the fullerene acceptor into nm-sized n-type domains
upon removal of additives, which helped approach the ideal morphology. Details
are provided by two most recent review papers (43, 44).

TiO2 Interfacial Layer

The generally low hole mobility of donor polymers usually limits the
thickness of active layers to be less than 100 nm. Such a thin film cannot absorb
light efficiently, which is exacerbated by the optical interference between the
incident light and the light reflected from the top metal electrode. In order to
redistribute the light intensity in the active layer, a solution processible TiOx
layer via sol gel chemistry was inserted between the top metal electrode and the
active layer. This thin layer of TiOx (~10 nm) not only spatially redistributed the
light to maximize the light absorption in the thin active layer, also served as a
hole blocking layer whereas promoting electron transport. This strategy has been
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Table 2. Characteristic properties of polymers and solar cell devices
when mixed with PC61BM (SOURCE: Reproduced from Reference (41).

Copyright 2009 American Chemical Society.)

Polymer HOMO
(eV)

LUMO
(eV)

Eg(opt)
(eV)

Voc
(V)

Jsc
(mA) FF(%) η( % )

PTB1 -4.90 -3.20 1.58 0.58
0.56

12.5
15.0

65.4
63.3

4.76
5.3 (PC71BM)a

PTB2 -4.94 -3.22 1.59 0.60 12.8 66.3 5.10

PTB3 -5.04 -3.29 1.60 0.74
0.72

13.1
13.9

56.8
58.5

5.53
5.85b

PTB4 -5.12 -3.31 1.63 0.76
0.74

9.20
13.0

44.5
61.4

3.10
5.90b

PTB5 -5.01 -3.24 1.62 0.68
0.66

10.3
10.7

43.1
58.0

3.02
4.10b

a Indicated in the bracket is the blend of polymer with PC71BM. bDevices fabricated from
mixed solvents dichlorobenzene/diiodooctance (97/3, v/v).

Figure 3. Molecular structures of the PTB polymers.

successfully applied in a few examples; the most notable case was to improve the
efficiency of PCDTBT (polymer 2 in Figure 1) based BHJ solar cell from 3.6%
to an unprecedented 6.1% (14). In fact, an internal quantum efficiency of close to
100% was observed, which experimentally proved that it is possible to collect all
the separated charge carriers in a typical BHJ solar cell.

Summary

Since the inception of polymer/PCBM BHJ solar cell in 1995, tremendous
research activities have been devoted to this particular field. Numerous new
polymers have been synthesized and tested, though only a handful of donor
polymers have demonstrated over 3% efficiency when blended with PCBM (or
PC70BM) in BHJ solar cells, one of which indeed set a new record high efficiency
(6.1%). It is expected that 10% efficiency or greater will be reached in the next
few years, if one can design and synthesize the “ideal” polymers and demonstrate
their full potential through morphology control via either fine tuning chemical
structures or other physical methods.
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Chapter 7

Two Scale Roughness, Self-Cleaning, and Low
Reflectivity Silicon Surface for Solar Cell

Applications

Yonghao Xiu,1,2 Yan Liu,2 and C. P. Wong *,2

1School of Chemical and Biomolecular Engineering, 311 Ferst Drive,
Atlanta, GA 30332, U.S.A.

2School of Materials Science and Engineering, 771 Ferst Drive, Atlanta,
GA 30332, U.S.A.

*cp.wong@mse.gatech.edu

Si surface modification is of great significance for a variety of
applications, such as hydrophobic treatment, surface passivation
of photovoltaic devices, and microelectronic devices. In this
study, a facile way of forming superhydrophobic surfaces is
reported that uses Au assisted HF/H2O2 etching of silicon
wafers. The Au layer was deposited onto a silicon wafer via
e-beam evaporation. By controlling the evaporation and etching
times, the micro/nano scale roughness can be manipulated
and superhydrophobic surfaces with reduced hysteresis can be
generated. Light reflection on the as prepared black surfaces
was measured to assess the efficiency for low cost solar cell
applications. The two scale roughnes surface showed a much
reduced reflectance compared to that of pyramid textured silicon
surfaces which are commonly employed in high efficiency solar
cells. This approach offers a newway both to theoretically study
the surface roughness effect and to investigate engineering
applications of self-cleaning surfaces in solar cells.

Introduction

Over the last decade, much attention has been directed to semiconductor
materials with surface micro/nano structures, primarily due to potential

© 2010 American Chemical Society
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applications in opto-electronics, chemical and biochemical sensing and the
possibility of creatingmaterial properties not readily obtained in the corresponding
crystalline materials (1). The surface micro/nano structures of semiconductors
can be produced by anodic etching, where the semiconductor is biased positively
in a conductive electrolyte to facilitate oxidation and subsequent removal of
surface atoms. The magnitude of the applied voltage and current and the
electrolyte composition are used to control etch rate and, thus, morphology and
properties. This approach is hampered by the need for a conducting substrate that
is stable under the electrochemical etching conditions and the need to explore
the relatively large parameter space to identify the optimum etching conditions.
To circumvent these problems, an efficient chemical etching method to produce
Si surface structures that requires no external bias was developed recently (2, 3).
In this process, a discontinuous layer of Pt or Au (20 - 200 Å thick) is deposited
on the silicon surface before immersing it in HF/H2O2. Reduction of the oxidant
(H2O2) injects holes into the valence band of the semiconductor material, which
then participate in oxidative etching of the semiconductor surface.

Superhydrophobic self-cleaning surfaces are of interest for a variety of
applications such as self-cleaning, water repellency and anticorrosion (4, 5)
properties. Numerous approaches to generate superhydrophobic surfaces have
been proposed (6–11). In these studies, high contact angles and reduced contact
angle hysteresis were intensively investigated (12–18). In our study, we invoked
a surface etching technique for the preparation of multi-functional (self-cleaning,
non-reflecting, water repellent) surface micro/nano structures for potential
photovoltaic applications. It is expected that by controlled manipulation of
surface structures via the etching process, multifunctional silicon surfaces can be
achieved and cost-effective photovoltaics may be possible (19).

Experimental

p-type silicon (100) wafers with a resistivity of 1-10 Ω cm were used in
all experiments. KOH etching was performed in a solution of KOH (2-3 wt
%), water, and isopropyl alcohol (20% by volume) at 80-85 °C for 20-30 min
to create pyramidal structures (2-4 μm in height). To form nanostructures,, a
thin discontinuous layer of Au (2-10nm diameter) was deposited by e-beam
evaporation. Etching was then performed for various times in an HF/H2O2
solution (49%HF, 30%H2O2 and isopropyl alcohol with a volume ratio of 1:2:1
was used in etching nanostructures only, and 49% HF, 30% H2O2, and H2O with
a volume ratio of 1:5:10 was used in etching two scale structures). Subsequently,
the Au layer was removed by immersing the samples in KI/I2 (100 g KI and 25g
I2 per 1L H2O) for 60 seconds.

Contact angle measurements were performed with a Rame-Hart goniometer
that has a CCD camera equipped for image capture. Scanning Electron
Microscopy (SEM) was used to investigate the surface morphology. After
fabrication of the surface structures, surface fluorination was performed by
treatment with fluoroalkylsilane. Ten millimolar solutions of perfluorooctyl

82

D
ow

nl
oa

de
d 

by
 C

O
R

N
E

L
L

 U
N

IV
 o

n 
Ju

ne
 2

2,
 2

01
2 

| h
ttp

://
pu

bs
.a

cs
.o

rg
 

 P
ub

lic
at

io
n 

D
at

e 
(W

eb
):

 M
ar

ch
 1

1,
 2

01
0 

| d
oi

: 1
0.

10
21

/b
k-

20
10

-1
03

4.
ch

00
7

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 



Figure 1. Etching depth of Au assisted etching of Si in HF/H2O2.

Figure 2. Cross-sections of 10nm Au layer assisted Si etching for etch times, (a)
1min, (b) 2min, (c) 4 min, and (d) 10 min.

trichlorosilane (PFOS) were prepared in hexane. For the specific treatment, the
structured silicon wafer was soaked in the solutions for 30 min followed by a
heat treatment at 150°C in air for 1 hour, to complete the hydrophobic surface
modification. The nanostructured surface was characterized by diffuse reflectivity
measurements to establish reflectivity. The weighted reflectance (WR) was
calculated by normalizing the hemispherical reflectance spectrum (350-1100 nm)
by the AM (air mass) 1.5 spectrum.

Results and Discussion

Metal assisted etching of Si surfaces is used in the preparation of black non
reflecting surfaces (2). This process may have considerable promise for light
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Figure 3. Silicon surface with Au layers of thickness of, 2 nm, 5 nm and 10 nm
respectively.

Figure 4. Cross-section of silicon etched for 2 min: 2 nm; 5 nm, 10 nm.

trapping in high efficiency solar cells. In this study, we investigate the application
of this technique for the generation of superhydrophobicity for which structured
surfaces are necessary. Au was used in our study for the metal layer on a silicon
surface.

Etching Time

To achieve superhydrophobicity, hydrophobic surface modification, density
of surface structures, and height and diameter of the asperities must be controlled;
only then will the hydrophobic surface shows a high contact angle. The density
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Figure 5. 2 nm Au assisted etching of Si for different times, (a) 1 min, (b) 2
min, (c) 4 min, and (d) 10 min.

Figure 6. 5nm Au assisted etching of Si for different times, (a) 1 min, (b) 2 min,
(c) 4 min, and (d) 10 min.

of the surface structures can be represented by the micro three phase contact line
density which yields the necessary surface forces to suspend the liquid against
the forces of gravity. The topographic features must be tall enough so that the
liquid does not reach the underlying surface. Also, the diameter of individual
feature needs to be small enough to reduce the solid/liquid contact area so that
a higher apparent contact angle results. When the etching time is increased, the
etching depth of the silicon surface increases. The depth of the surface structures
is important in achieving better dewetting properties. The time effect on the etch
depth is shown in Figure 1. With time, the etching depth increased at different
rates for different thickness of Au layers. For 10 nm Au layers on silicon, the
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SEM cross-section images of surfaces etched at different time are shown in Figure
2.

Thickness of the Au Layer

The thickness of the Au layer is also very important in achieving the desired
surface structures. We prepared Au layers of three different thicknesses on silicon
surfaces: 2 nm, 5 nm and 10 nm as shown in Figure 3. The effect of the Au layer
on etching is shown in Figure 4. As the Au layer thickness increases, the surface
etched structures also increase in height. This corresponds to the difference in the
etching rate shown in Figure 1. For a 2 nmAu layer (low particle density on silicon
surface), the etch rate is much lower than that for 5 nm and 10 nm Au layers. This
observation may be due to the low density of Au particles. However, for 5 nm and
10 nmAu layers on silicon surfaces which have a higher density than 2 nm Au, the
higher density of Au particles may cause the etching to proceed at a higher speed.
The etching rate for the 5 nm and 10 nm Au coated silicon surfaces is similar and
the etching rate is also not dependent on the etching depth for thicker Au films on
silicon surface. However, for 2 nm Au on silicon surface, the etching is slowed
down when the etching proceeds. This also suggests a depth dependent diffusion
effect on the etching process.

Figure 7. 10nm Au assisted etching of Si for different times, (a) 1min, (b) 2 min,
and (c) 4 min and (d) 10 min.

Effect of Au Layer on the Etching Morphology

The etched silicon surfaces are shown in Figures 5, 6 and 7 for different
etching times with different Au layers on top. As shown from the figures, the
surface morphology size scale increased from nano scale when etched for a shorter
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time with thinner Au layer to submicron scale when etched at longer time with
thicker Au layers. Clearly, the surface morphology can be manipulated over quite
a large scale range.

We know that for anodic silicon etching, the voltage and current are critical. In
our process electroless etching is used. The hydrogen peroxide affects the injection
of holes from Au particles into silicon substrate; therefore, the particle size as well
as the Au particle density may play an important role on the etching reaction since
both affect the hole injection process. As a result, it is expected that for small Au
particles (e.g., 2 nm), the increase in the particle size will result in an increase in
the number of holes injected into silicon, while for large Au particles (5-10 nm)
the size effect vanishes.

According to Wenzel and Cassie, rough surfaces facilitate the enhancement
of contact angles which cannot be achieved on a flat surface even with the most
hydrophobic surface coatings available. The rough silicon surfaces obtained from
the metal assisted etching process were therefore treated with fluoroalkyl silane
(PFOS) to render the surface hydrophobic to investigate the surface roughness
effect in achieving superhydrophobicity. Contact angle and contact angle
hysteresis data are shown in Figures 8 and 9. With increasing etching time, the
contact angles increased. All surfaces showed contact angles greater than 140°
while for a flat silicon surface treated with the same silane, the contact angle is
only ~115°. In addition, the contact angle hysteresis of all samples decreased with
etching time, which suggests an enhanced surface roughness with longer etching
times. The effect of the thickness of Au layers is also shown in Figures 8 and 9.
With thicker layers, contact angles were higher and hysteresis was much reduced
relative to that of thinner Au layers. For 10 nm Au layers, the silicon surface
etched for 10 min showed a contact angle of 167.7° and a hysteresis of 12.4°.

Two-Scale Surface Structures

The above data have demonstrated that the surface nanostructures
formed from Au-assisted etching in HF/H2O2/H2O do not result in roll-off
superhydrophobicity within a short (<4 min) etch time.Onlotus leaf surfaces,
two-scale roughness generates superhydrophobic and selfcleaning micron-sized
silicon pyramids can be formed using KOHetching and nanostructures can
be fabricated readily using Au-assisted etching. It may be possible to form a
hierarchical structure that allows a biomimetic superhydrophobic surface to be
realized in silicon. Indeed, by first etching Si pyramids, followed by deposition
of a 5 nm Au layer and subsequent Au-assisted etching, microsized pyramids
with attendant nanostructures can be generated by the two-step etching process.
The pyramid Si surfaces alone cannot generate a superhydrophobic state (with a
contact angle of ~140° after hydrophobization with PFOS). The nanostructure is
critical on top of the pyramid surfaces to achieve both a high contact angle and
low hysteresis after surface hydrophobization.
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Figure 8. Stactic Contact angles for etched silicon samples.

Figure 9. Contact angle hysteresis for etched silicon samples.

As shown in Figure 10, after Au-assisted etching of the silicon pyramid
morphology, the surface became hierarchically rough. Treatment of the surface
with PFOS to hydrophobize the surface yielded high contact angles and low
hysteresis, as shown in the inset of Figure 11. The existence of the two roughness
scales resulted in a roll-off superhydrophobic surface due to the reduced liquid
contact area fraction. Figure 12 indicates that, with increased etch time, the
contact angle hysteresis first decreased then increased after 2 min of Au-assisted
etching. The hysteresis reduction is due to the generation of nanoscale roughness
superimposed on the microscale roughness; the subsequent hysteresis increase
can be attributed to a reduction of the size of the silicon pyramids due to the
prolonged Au-assisted etching and the loss of the nanostructures. These effects
are clearly shown in Figure 12, which displays cross-sections of the etched
pyramid surfaces. Despite the changes in receding contact angle, the advancing
contact angles remained nearly constant.
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Figure 10. Si pyramid surface etched by Au-assisted etching in HF/H2O2/H2O
(v/v/v 1:5:10) for (a) 30 s, (b) 1 min, (c) 2 min, and (d) 4 min. Au layer thickness

was 5 nm.

Light Reflection Measurement

The Au assisted etching of silicon surfaces can generate ‘black’
low-reflectance surfaces as shown in Figure 13, where a weighted surface
reflectance of 6.4% resulted after a 2 min etch. Because of the presence of surface
nanostructures, the surface absorbs most of the incident light, thus reducing
reflection, especially in the 300-1000 nm wavelength regime. The nano-textured
surface may also increase the path length of light as it travels through the cell,
which allows thinner solar cells with reduced cost; furthermore, the surface may
trap the weakly absorbed light reflected from the back surface by total internal
reflection at the front surface/air interface. Pyramid textured silicon surfaces
are already employed for high efficiency solar cell applications to increase light
absorption by silicon surfaces (20). Therefore, when combined with the pyramid
textures on silicon surfaces, the micro/nano structured surfaces can optimize light
absorption, and also establish self-cleaning properties if the surface is treated
with fluoroalkylsilanes or other hydrophobic material. On the micro/nano two
scale structured surfaces, the weighted light reflectance is further reduced to 3.8%
as shown in Figure 13 and Table 1. Longer wavelength light is reduced more.
Such surface modifications should result in lowered maintenance costs and higher
efficiencies due to reduction of dust/contamination build-up on solar cell surfaces.
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Figure 11. Contact angle and contact angle hysteresis on two-scale etched Si
surfaces. (Inset) The dynamic water droplet moving on the superhydrophobic

surfaces with two-scale structures (Au-assisted etching for 2 min on
micropyramid surfaces). the droplet edge is blurred due to the fast movement of

the water droplet.

Figure 12. Cross sections of Si pyramid surfaces etched by Au-assisted etching in
HF/H2O2/H2O (v/v/v 1:5:10) for (a) 30 s, (b) 1 min, (c) 2 min, and (d) 4 min.

Au layer thickness was 5 nm.
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Figure 13. Light reflection on silicon nano-textured surfaces generated by Au
assisted etching. Au (5 nm thickness) assisted etching in HF:H2O2:H2O of

1:5:10 (v/v/v) for 2 min.

Table 1. Weighted Reflectance on Different Textured Surfaces

Sample Weighted reflectance %

Flat Si surface 37.3

Pyramid textured surface 12.3

Nano-textured surface
(Au assisted etching)

6.4

Two scale textured surface 3.8

Conclusions

The Au assisted etching of silicon surfaces with Au layers of 2 nm, 5 nm
and 10 nm was investigated. Increased etching time resulted in surface structures
with greater depths. The etching rate for thicker Au layer coated silicon was
constant while for a 2 nm Au layer coated silicon surface, the etching rate
was dependent on etch depth which suggested a diffusion-controlled etching
process. The surface morphologies changed from small nanostructures at shorter
times to large submicron structures at longer etching times. When the etched
surfaces were treated with PFOS, the surfaces all showed high contact angles
(superhydrophobicity). An increase in etching time resulted in a higher contact
angle and a reduced hysteresis. With increased thickness of the Au layer,
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analogous trends were observed. The appropriate combination of the two-scale
structures is effective in achieving roll-off superhydrophobicity. Reflectance
measurements showed that the etched surface showed a much reduced reflectance
compared to that of pyramid textured silicon surfaces which are commonly
employed in high efficiency solar cells. This shows that the surfaces prepared
using Au assisted etching technique is promising for light absorption for
photovoltaic applications.
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Chapter 8

Dispersing and Functionalizing Carbon
Nanotubes Using Conjugated Block

Copolymers

Jianhua Zou, Jianhua Liu, and Lei Zhai*

NanoScience Technology Center and Department of Chemistry, University
of Central Florida, Orlando, FL 32826

*lzhai@mail.ucf.edu

Conjugated block copolymers have been used to disperse
and functionalize pristine carbon nanotubes (CNTs). Upon
a simple sonication, the conjugated polymer block such as
polythiophenes can form strong π-π interactions with CNT
walls, while the non-conjugated polymer block provides the
de-bundled CNTs with a good solubility and stability in a
wide range of organic solvents and host polymer matrices.
Various block copolymers have been utilized to fabricate
CNT nanocomposites with unique mechanical and electrical
properties. The conductive block copolymers not only provide
a universal system to disperse CNTs but also introduce other
interesting properties into the system. Such non-invasive
approach generates promising CNT composites for energy
conversion and storage applications.

Introduction

Carbon nanotubes (CNTs) and conjugated polymers have demonstrated
great potential for energy conversion and storage applications due to their
intriguing electrical and optoelectrical properties. In theory, the electrical
conductivity of metallic single wall carbon nanotubes (SWCNTs) can be
1000 times higher than that of silver and copper, and the tensile strength of a
multi-wall CNT (MWCNT) is expected to be in the range of 10-100 GPa. The
applications of CNTs extend from nanoelectronics, to sensors, energy conversion

© 2010 American Chemical Society
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and storage devices (fuel cells, photovoltaics, batteries, and supercapacitors),
thermal management, and conductive nanocomposite (1–11). On the other
hand, conjugated polymers have been extensively investigated as promising
materials for organic photovoltaics (OPVs) and supercapacitors. For example,
poly(3-hexylthiophene)s (P3HTs) have been widely used in OPVs due to their
high charge mobility (12–19). CNTs have also been investigated as promising
functional materials in OPVs (20–22). MWCNTs have been used in OPVs
with P3HT and 1-(3-methoxycarbonyl)propyl-1-phenyl[6,6]-methanofullerenes
(PCBMs) for exciton dissociating and charge collecting (20–22). In these OPV
devices, high current density was obtained due to the efficient hole collection
associated with the work function of MWCNT (4.5-6.0 eV) (23). Conjugated
polymers have demonstrated great potential as supercapacitor electrode materials
with high energy density and high pulse power due to their good electrical
conductivity and large pseudo capacitance (24–29). The most commonly
used conjugated polymers include polyaniline (PANI), polypyrrole (PPy), and
poly(3,4-ethylenedioxythiopene) (PEDOT). Conjugated polymers show high
capacitance close to ruthenium oxides like 775 F/g for PANI (27), 480 F/g for
PPy (28) and 210 F/g for PEDOT (29).

Apart from their promising capabilities, CNTs and conjugated polymers are
facing several challenges to realize their applications. For example, conjugated
polymers, as supercapacitor electrode materials, suffer from low mechanical
stability due to repeated intercalation and depletion of ions during charging
and discharging. The effective utilization of CNTs in composites and devices
depends strongly on the ability to disperse nanotubes homogeneously in solvents
and the matrix, and to functionalize the CNT surfaces with target functional
groups. However, it is challenging to achieve stable CNT dispersions in different
solvent media and the functionalization of CNTs surfaces. The as-produced
CNTs bundle together due to strong van der Waals interactions between the
nanotubes. Whether the ultimate use is for single nanotube devices, or for
polymer composites, the CNTs need to be debundled and dispersed uniformly in
solvents or polymer matrices in order to achieve a good reproducibility in material
fabrication and device function. With the promising applications of CNT and
conjugated polymers in energy conversion and storage applications, it is highly
desirable to develop CNT/conjugated polymer composites with well dispersed
CNTs to overcome previous mentioned challenges. Although enormous effort
has been invested in this field, and nanocomposites with excellent combined
mechanical and electrical properties have been reported from research labs, the
commercial application of CNTs is still extremely limited, mainly due to the
incompatibility between CNT and conjugated polymers. Currently, there are
three major approaches to disperse CNTs and each has its own advantages and
disadvantages:

(1) Mechanical exfoliation: The CNTs are dispersed in solutions or polymer
matrices by mechanical force such as shear-intensive mechanical stirring or
ultrasonication (6, 7, 30, 31). This is one of the most convenient methods to
achieve CNT dispersion, however, the dispersion quality is often unsatisfactory.
This method is mostly applicable for nanocomposite fabrication, but not suitable
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for applications requiring a stable CNT dispersion in solution and CNT surface
functionalization.

(2) Chemical surface modification: This is one of the most widely used
methods to achieve a stable CNT dispersion in solvents, especially in aqueous
solutions. CNTs are treated with strong oxidation reagents such as HNO3 or
KMnO4/H2SO4 (32, 33). Such treatment leaves oxygenated functional groups
such as carboxylic acids, ketones, and alcohols on the nanotube walls, ends and
defect sites of the CNTs (34). These functional groups may be further reacted,
leading to CNTs functionalized with esters, amides, zwitterions or grafts of
polymer chains (11, 35–41). The covalent functionalization allows purification
and solubilization of CNTs. However, the oxidative treatment tends to disrupt the
conjugated electronic structure, shortens the CNTs, and deteriorates the electrical
and mechanical properties of CNTs.

(3) Third component-assisted dispersion. In this approach, a third component
chemical is used as dispersant. CNTs are mechanically de-bundled and stabilized
by the third component chemicals through sonication or other methods, where
dispersant attaches to CNT surfaces to prevent them from aggregating. Many
chemicals have been used as the third component, such as surfactants (42, 43),
polymer electrolytes (44, 45), proteins (46, 47), DNAs (48), conjugated polymers
(49–66), and block copolymers (67–73). So far, the third component approach has
shown the most promising potential for CNT dispersion. The main reason is that
these chemicals stabilize the CNTs through non-covalent interactions, therefore,
avoiding the destruction of the chemical structures, electronic and mechanical
properties of the CNTs.

Recently, there are two types of materials that have shown particularly
promising potential for third component-assisted CNT dispersion. One of these
materials is the conjugated polymers (49, 53, 57–66). Conjugated polymers
stabilize CNTs by attaching to CNT surfaces through strong π-π stack interactions.
However, the conjugated homopolymer itself suffers solubility and miscibility
issues. Due to the strong π-π interactions of conjugated polymers in solid state,
most conjugated polymers have poor solubility in organic and aqueous solvents.
Poly(3-hexylthiophene) (P3HT) is one of a few conjugated polymers that have
relatively better solubility, and has been reported as a third component for
CNT dispersion (49, 53). Other conjugated polymers, such as polypyrrole and
polyphenylene, form stable dispersions with CNTs through in-situ polymerization
of monomers in the presence of mechanically exfoliated CNTs. A second
family of interesting materials with potential for third component-assisted CNT
dispersion are the block copolymers (67–73). In general, the block copolymer is
designed in such a way that one block of the polymer will form a close interaction
with the CNT surfaces, while the other block(s) will render the solubility to the
exfoliated nanotubes by providing a steric barrier or repulsion interaction between
polymer-wrapped nanotubes. So far, a number of block copolymers such as
poly(ethylene oxide) (PEO) with poly(propylene oxide) (PPO) (PEO-PPO-PEO)
(73), polystyrene (PS) with poly(t-butylacrylate) (PBA) or poly(vinyl pyridine)
(PVP) (72) have been reported for CNT dispersion. However, among all the
block copolymers being studied, they do not contain conjugated polymers as part
of the block copolymer structure. Although non-conjugated polymers such as
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Scheme 1. Schematic illustration of dispersing CNTs using P3HT block
copolymers

polystyrene are known to form non-covalent interactions with CNTs (72), the
interactions between conjugated polymers and CNTs are the strongest, according
to a recent theoretical modeling study (74).

It is reasonable to hypothesize that a conjugated block copolymer, a
copolymer with a conjugated polymer block and a non-conjugated polymer
block, should be an excellent dispersant for CNT dispersion/stabilization. The
conjugated polymer block such as P3HT can form strong π-π interactions
with CNT walls, while the non-conjugated polymer block will provide the
de-bundled CNTs with a good solubility and stability in a wide range of organic
solvents and host polymer matrices. Additionally, non-conjugated block can also
introduce various functional groups onto CNT surfaces, providing a non-invasive
approach to functionalize CNTs. In this chapter, we present recent progress in
dispersing and functionalizing CNTs using poly(3-hexylthiophene) (P3HT) block
copolymers (75–77) and fabricating P3HT supramolecular structures on dispersed
CNTs (78) (Scheme 1).
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Experimental

Synthesizing P3HT Block Copolymers and Dispersing CNTs

The P3HT block copolymers were synthesized from P3HT macroinitiator
via atom transfer radical polymerization (ATRP). P3HT macroinitiator was
synthesized according to the reported procedure (Scheme 2.) (79, 80).

P3HT-b-PS was synthesized in toluene (75 vol %) at 95°C. The
molar ratio of the reactants is [polystyrene (PS)]: [P3HT]: [CuBr]:
[pentamethyldiethylenetriamine (PMDETA)] = 300:1:1:2. The block copolymer
is readily soluble in chloroform, toluene, and tetrahydrofuran (THF). Gel
permeation chromatography (GPC) measurement using polystyrene as a standard
indicates a number average molecular weight Mn of 23000 dalton with a
polydispersity of Mw/Mn=1.3. The composition of P3HT-b-PS was estimated
by 1H NMR spectral analysis to contain 34.1% and 65.9% (weight percentage)
of P3HT and PS, respectively.

P3HT-b-PMMA was synthesized through the ATRP of methyl methacrylate
(MMA) in toluene (75 vol%) at 95°C for 10 hours. The molar ratio of the reactants
is [MMA]: [P3HT]: [CuBr]: [PMDETA] = 400:1:1:2. The molar ration of P3HT:
PMMA was determined to be 1: 2.49 by the 1H NMR analysis.

P3HT-b-PAAwas synthesized through the hydrolysis of its precursor, P3HT-
b-poly (tert-butyl acrylate) (P3HT-b-PtBA), which was synthesized by ATRP. The
reaction was performed in toluene (50 vol%) at 105 °C for 20 hours. The molar
ratio of the reactants is [tBA]: [P3HT]: [CuBr]: [PMDETA ]=600:1:1:2.

To hydrolyze P3HT-b-PtBA, 32 mg of the polymer was dissolved in 10 mL
CH2Cl2, and 0.5mL of trifluoroacetic acid (TFA) was added. The reaction was then
conducted at room temperature with shaking for 24 hours. The product P3HT-b-
PAA was collected as a precipitate and washed three times with CH2Cl2, and then
dried under vacuum. The P3HT-b-PAA is not soluble in chloroform, but well
dissolved in THF, methanol, and NaOH aqueous solutions.

P3HT-b-PPEGA was synthesized by ATRP performed in toluene (60%)
at 100 °C for 10 hours, the molar ratio of [poly (ethylene glycol) methyl ether
acrylate (MW=452, Sigma Aldrich)]: [P3HT]: [CuBr]: [PMDETA]=150:1:1:2.
The molar ratio of P3HT: PPEGA in P3HT-b-PPEGAwas determined to be 1.28:1
from the 1H NMR spectrum of P3HT-b-PPEGA. P3HT-b-PPEGA was soluble
in a variety of solvents, such as chloroform, toluene, THF, DMF, acetonitrile,
methanol, ethanol, and water.

HiPco SWCNTs were purchased from Carbon Nanotechnologies with a
diameter of 0.8-1.2 nm and a length of 100-1000 nm. The purity was declared to
be above 65%. MWCNTs were purchased from Nanolab with a diameter of 10-20
nm and a length of 5-20 μm, with the purity above 95%. The as-received CNTs
were used directly in the experiments without further purification or chemical
modification throughout the study.

All the dispersing of CNTs by conjugated block copolymers used chloroform
as the solvent except the P3HT-b-PAA/MWCNT dispersion which was dispersed
in THF. The concentration of CNTs and the weight ratio between CNTs and
conjugated block copolymers was tuned to investigate the effect of these factors
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Scheme 2. The synthetic scheme of P3HT block copolymers

on the stability of CNT dispersion. After mixing the copolymers and CNTs in
solvent, 30 minutes sonication was applied to obtain the CNT dispersion.

Fabrication of P3HT supramolecular structures on CNTs: P3HT (0.2 mg)
was dissolved into anisole (4.0 mL) by heating to 70 °C. 42.0 μL as-prepared
MWCNT dispersion was added (P3HT/MWCNTs mass ratio = 7), and then the
mixture was cooled to room temperature in few minutes. The solution was kept
at room temperature for 12 hours. To prepare P3HT/SWCNT supramolecular
structures, 15.0 μL SWCNT dispersion was added to 4.0 ml P3HT anisole hot
solution, which gives the P3HT/SWCNTmass ratio of 40. Themixture was cooled
to room temperature in few minutes and kept at room temperature for 12 hours.
The obtained deep purple dispersions were stable for months at room temperature.
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Figure 1. (a) TEM image of P3HT-b-PS/MWCNT (1:1, mass ratio); (b) TEM
image of P3HT-b-PS/SWCNT (3:1); (c) HRTEM image of a single MWCNT
covered by a thin layer of P3HT-b-PS; (d) HRTEM image of pristine MWCNT.
The scale bars in a, b, c, and d represent 100, 100, 5, and 2 nm respectively.

Results and Discussion

Dispersing CNTs Using P3HT-b-PS and the Properties of the Composites

P3HT-b-PS block copolymers have been used to disperse both SWCNTs and
MWCNTs in chloroform by sonication. The minimum P3HT-b-PS to CNTs mass
ratio to achieve a good CNT dispersion is 0.6 and 0.5 for SWCNTs andMWCNTs,
respectively, suggesting the high efficiency of P3HT-b-PS in dispersing CNTs.
The stable CNT dispersions contain as much as 2.5 mg/mL SWCNTs (using 2:1
polymer to SWCNTs mass ratio) and 3.0 mg/mL MWCNTs (using 1:1 polymer to
MWCNTs mass ratio). The CNT concentration is significantly higher than most
reported CNT dispersions (58). A good dispersion of CNTs was also obtained in
toluene and tetrahydrofuran (THF) using P3HT-b-PS with comparable solubility
to that in chloroform. The as-dispersed CNTs are very stable, no precipitation
was found even after one year of standing at room temperature. The efficient
dispersion and stability of the suspension is attributed to the good solubility of
the PS block in these solvents. The stability of the P3HT-b-PS dispersed CNT
suspensions was also examined through a centrifugation test at 13200 rpm for 30
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Figure 2. Dark field TEM image of dispersed MWCNTs by P3HT-b-PS and EDX
spectrum from the area of TEM image marked by red rectangle.

min. After centrifuging, most SWCNTs remained in solution, while MWCNTs
precipitated out due to their much larger dimensions. The MWCNTs collected
after multiple centrifugation and re-dispersion cycles could be readily re-dispersed
in chloroform, toluene and THF without adding more P3HT-b-PS. This result
suggests that P3HT-b-PS strongly attaches to CNT walls through a strong and
stable molecular interaction, most likely π-π stacking interactions between the
copolymers and CNTs. MWCNTs dispersed by P3HT-b-PS (1:1 mass ratio)
were purified by three cycles of centrifuge and re-dispersion to remove the free
P3HT-b-PS and were examined using transmission electron microscopy (TEM)
and energy dispersive X-ray (EDX) analysis. As shown in Figure 1a, the majority
of MWCNTs are de-bundled into individual tubes. A high resolution TEM image
of a MWCNT segment (Figure 1c) clearly revealed the presence of a thin layer of
amorphous coating with the thickness around 2 nm on the surface of CNT wall,
while the pristine nanotube shows a clean surface (Figure 1d). The thin layer
coating is believed to be P3HT-b-PS copolymer self-assembled on the nanotube
surface.

EDX spectrum in Figure 2 clearly shows the sulfur signal, which arises from
the P3HT-b-PS polymer attached on the surface of CNTs.

Two groups of nanotube structures were observed in SWCNT dispersions,
one with an average diameter around 5-6 nm and another group with an average
diameter around 10-15 nm (Figure 1b). The first group, also the major component
of the dispersion, is believed to be the completely de-bundled individual SWCNTs
coated with the conjugated copolymer since the diameter of the polymer-wrapped
SWCNTs corresponds very well to the thickness of the copolymer coating (about 2
nm) and the diameter of the individual SWCNTs (0.8-1.2 nm). The second group is
believed to be SWCNT bundles that are not completely dispersed. The P3HT-b-PS
dispersed SWCNTs were also examined by an atomic force microscope (AFM).
The AFM image and the height analysis clearly suggest that most SWCNTs were
dispersed into individual nanotube level (Figure 3).
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Figure 3. An AFM image of P3HT-b-PS dispersed SWCNTs with the section
analysis (The size of the AFM image is 1 micron.).

In order to reveal the assembly structure of P3HT-b-PS on CNTs, the
P3HT-b-PS/CNT dispersion was studied by UV-Vis absorption spectroscopy,
and compared with P3HT-b-PS chloroform solution. In a dilute chloroform
solution, P3HT-b-PS exhibits an absorption band centered at 454 nm (Figure
4a), revealing the regioregular nature of the P3HT blocks in copolymer (81).
The UV-Vis absorption band of a solid state P3HT-b-PS film shifted to longer
wavelength, and split into three peaks (513, 560, and 604 nm) (Figure 4a),
suggesting a π-π stacking of P3HT chains in the solid state (81, 82). The UV-Vis
absorption spectrum of P3HT-b-PS/SWCNT dispersion in chloroform exhibits
three main absorption peaks at 513, 560, and 604 nm (Figure 4b), similar to the
spectrum of solid state P3HT-b-PS. This interesting result indicates that the P3HT
block in P3HT-b-PS copolymer form a π-π stacked structure on CNT surfaces.
The UV-Vis spectrum of a solid thin film formed from P3HT-b-PS/SWCNT
dispersion by solvent-casting did not show much difference from that of in
solution, suggesting that the interaction of P3HT blocks with SWCNTs is not
disrupted during solvent drying process. Because of the strong interaction
between conjugated block copolymer with CNTs, the dispersed CNT solution can
be purified, dried and easily re-dispersed back to solution.

Fluorescence spectroscopy has been used to study the interaction between
the P3HT-b-PS block copolymers and CNTs. P3HT-b-PS block copolymer in
chloroform exhibits a strong fluorescence emission at 575 nm (Figure 5a). In
contrast, the fluorescence emission of P3HT-b-PS with the same concentration
shows 97% quench when dispersed SWCNT suspension (Mass ratio of
P3HT-b-PS/SWCNTs is 2/1.). Such fluorescence quenching is probably due to
electron transfer and/or energy transfer between P3HT-b-PS and CNTs (83). This
observation clearly indicates a strong molecular interaction between conjugated
block copolymers and CNTs.
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Figure 4. UV-Vis spectra of (a) P3HT-b-PS in chloroform and a cast film on a
glass substrate; (b) P3HT-b-PS/SWCNT (2:1) in chloroform and a cast film on

a glass substrate.

Figure 5. The fluorescence spectra of pure P3HT-b-PS and P3HT-b-PS/SWCNTs
(2:1) dispersion in chloroform(a) and pictures of P3HT-b-PS (A),

P3HT-b-PS/SWCNT (2:1) (B), and P3HT-b-PS/MWCNT (1:1) (C) solution in
chloroform. under UV light irradiation.

The electronic properties of SWCNTs before and after interacting with P3HT-
b-PS were investigated using Raman spectroscopy. As shown in Figure 6, the
tangential vibrational mode (G band) of SWCNTs shifts significantly to higher
frequency from 1579.9 (pristine SWCNT) to 1595.6 cm-1 when dispersed with
P3HT-b-PS, while the radical breathing modes (RBM) shift slightly from 179.8 to
181.7 cm-1. Previous study indicated that the G band and RBM band of SWCNTs
shifted to higher frequency with the loss electrons (84). The observed band shift
associated with the CNT dispersion suggests that a molecular-level interaction
between CNTs and the block copolymers.
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Figure 6. Raman scattering spectra of a) SWCNTs dispersed by P3HT-b-PS,
and b) pristine SWCNTs.

Previous results clearly demonstrate that P3HT in P3HT-b-PS make good
contact with CNT surfaces while non-conjugated blocks (PS) provide CNTs
with a good solubility in organic solvents. Additionally, non-conjugated block is
expected to provide excellent miscibility in a compatible polymer matrix, offering
a versatile approach to fabricate uniform CNT/polymer nanocomposites. On
the other hand, if the non-conjugated block is not compatible with the polymer
matrix, the stability of CNT in the polymer matrix will be greatly reduced. To
understand the advantage of conjugated block copolymer in dispersing CNTs
and the effect of non-conjugated block on the stability of dispersed CNTs in
different polymer matrices, two sets of experiments were performed using
P3HT-b-PS, P3HT-b-PMMA, and P3HT. In the first experiment, P3HT-b-PS
and P3HT was used to disperse CNTs in PS matrix to examine the advantage of
P3HT-b-PS over P3HT. In the second experiment, the stability of CNTs dispersed
by P3HT-b-PMMA, P3HT-b-PS and P3HT in CNT-PMMA composites was
compared to investigate the effect of non-conjugated block on the stability of
dispersed CNT in polymer matrix. Properties including percolation threshold
determined by conductivity and the CNT aggregation upon thermal annealing of
each CNT-PMMA composite produced using P3HT-b-PMMA, P3HT-b-PS and
P3HT were examined.

In order to examine the advantage of the P3HT-b-PS over P3HT
homopolymers in dispersing CNTs in PS matrix, P3HT-b-PS/SWCNT (2/1,
mass ratio) dispersions and P3HT/SWCNT dispersions with the same P3HT to
SWCNT ratio were mixed with polystyrene chloroform solutions. In both cases,
the SWCNTs were first dispersed in the P3HT or P3HT-b-PS chloroform solution.
Then same amount of SWCNT dispersions were added to two same volume 10 wt.
% polystyrene chloroform solutions. The mixtures were stirred for half an hour
and the stability of the dispersions was examined. P3HT-b-PS dispersed SWCNTs
were stable in polystyrene chloroform solution after several months of standing,
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while P3HT dispersed SWCNTs precipitated out from the PS solution within
one day, suggesting that P3HT-b-PS is more efficient than P3HT in stabilizing
CNTs in polystyrene solutions. The quality of CNT dispersion in PS matrix was
evaluated using the percolation thresholds of the solid films. Percolation threshold
means the lowest filler loading ratio to obtain a significant conductivity increase,
and has been used as an indicator of nanotube dispersion quality in polymer
matrices (85). Solid CNT/PS nanocomposite films with the thickness around 30
μm were fabricated by casting the CNT dispersions in PS solutions on a glass
substrate using a drawdown bar. The electrical conductivity of the nanocomposite
thin films was measured a Keithley 2400 instrument by a four-probe method.
Percolation thresholds were obtained from the plots of conductivity versus the
SWCNT concentration in polystyrene (Figure 7). The percolation threshold
obtained from P3HT-b-PS dispersed SWCNTs nanocomposite is 0.03 wt%
SWCNTs, which is significantly lower than that of 0.12 wt% for P3HT dispersed
SWCNTs nanocomposite. These results suggest that P3HT-b-PS block copolymer
is more efficient in dispersing CNTs in PS matrix that P3HT homopolymer due
to the compatibility of PS block with PS matrix. We also observed that when
the loading amount of CNTs in the nanocomposite was higher than 0.3 wt%,
the conductivity of the P3HT homopolymer composite is higher than that of
P3HT-b-PS composite, attributed to the PS on CNT surface that decreases the
conductivity of the CNTs.

Similarly, the CNT dispersing capability of P3HT-b-PMMA in PMMA is
compared with that of P3HT. The percolation threshold of CNT in CNT-PMMA
composite using P3HT-b-PMMA as the dispersant is in the range of 0.12-0.16 %,
while the percolation threshold is in the range of 0.16-0.20 % for the CNT-PMMA
composite using P3HT as the dispersant. The lower percolation threshold of CNT
in P3HT-b-PMMA/CNT/PMMA than that in P3HT/CNT/PMMA indicates that
P3HT-b-PMMA disperses CNTs more homogenously in PMMA than P3HT. This
result is attributed to the PMMA block in P3HT-b-PMMA which creates a well-
defined interface between CNT and PMMA (Figure 8). In contrast, when P3HT-
b-PS was used to disperse CNT in PMMA matrix, the percolation threshold is
in the range of 0.20-0.25 % which is even higher than that of P3HT/CNT. The
increased percolation threshold is due to the incompatibility between the PS block
in P3HT-b-PS and the PMMAmatrix. These results suggest that the compatibility
of non-conjugated block with the host polymer matrix significantly affects the
CNT dispersion quality in polymer composites.

The compatibility of the non-conjugated block with the host polymer matrix
also determines the long term stability of CNTs in the polymer matrix. In our
studies, the stability of CNTs dispersed by P3HT-b-PMMA and P3HT in CNT-
PMMA composites was compared. The CNT/PMMA composite films (1 wt %
SWCNT in PMMA) with a thickness of 30 μm were annealed at 140°C under
vacuum for 10 hours to model the long term stability of CNTs in PMMA matrix.
Under the anneal temperature above the Tg of PMMA, CNTs can move freely
to form aggregates unless they are uniformly dispersed. The optical images of
the composite film before and after annealing were presented in Figure 9. After
annealing, P3HT-b-PMMA/CNT-PMMA composite film remained transparent,
and was comparable with the as-prepared sample. In contrast, the P3HT dispersed
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Figure 7. The conductivity of SWCNT/PS nanocomposites prepared from
SWCNTs dispersed in P3HT-b-PS and P3HT

Figure 8. The conductivity of CNT-PMMA nanocomposites with the CNT
dispersed by P3HT-b-PMMA, P3HT, and P3HT-b-PS, respectively.

SWCNT/PMMA composite film exhibited a significant CNT aggregation after
annealing. As indicated in Figure 9 c and d, the composite film became translucent
due to the aggregation. This study suggests that P3HT-b-PMMA dispersed CNTs
have long term stability in the CNT-PMMAcomposite than P3HT dispersedCNTs,
and further proves that the compatibility of the non-conjugated block in conjugated
block copolymers with the host polymer matrix is crucial to obtain uniform CNT
polymer composites. It is worthy to note that various types of non-conjugated
block can be introduced into conjugated block copolymers through well establish
synthetic routes to provide versatile dispersants of CNT for different polymer
matrices.
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Figure 9. Optical images of P3HT-b-PMMA/SWCNT-PMMA composite film a)
before and b) after annealing, P3HT /SWCNT-PMMA composite film c) before

and d) after annealing.

The rod-coil characteristics of P3HT-b-PS also cause the formation of
honeycomb-like surface structures when a P3HT-b-PS/MWCNT chloroform
dispersion is cast on a substrate. As the chloroform evaporates, small water
droplets with the size of microns condensed on the surfaces due to the cooling of
the surface, leaving micron size dimples on the surface. The scanning electron
microscope (SEM) study of the morphology of a P3HT-b-PS/MWCNT film
on a glass substrate revealed honeycomb like structures with the diameter of
the honeycomb pore ranging from 2 to 15 μm (Figure 10a). The height of the
honeycomb ridges ranges from 200 to 500 nm as determined by a profilometer. A
magnified SEM image (Figure 10b) shows different morphology and compositions
of the ridge and the base of the honeycomb structure. The ridge is mainly
composed of P3HT-b-PS polymers with a small amount of MWCNTs, while
the main component in the base is entangled CNTs with nano-scale porosity
(Figure 10b). The honeycomb morphology of the superhydrophobic film was also
observed under a fluorescence microscope (Figure 10c). Because the honeycomb
ridge is mainly composed of P3HT-b-PS, a fluorescent conjugated polymer,
the ridge appears in a bright green color. As to the base area, MWCNTs is
the main component, and the fluorescence of the block copolymer is quenched
by MWCNTs through electron and/or charge transfer process (83), the base
area appears to be dark under the fluorescence microscope. The combination
of micro-scale roughness, nano-scale roughness and the hydrophobic surface
chemistry (polystyrene block) also generate a superhydrophobic coating (water
contact angle = 154° ~ 160°, sliding angle < 5°) from the P3HT-b-PS/WMCNT
composite (Figure 10d). With the conductivity in the range of 30-100 S/cm,
such conductive superhydrophobic coating is of particular interest due to their
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capability of removing the static charges accumulated on the surfaces, and has
potential applications as electromagnetic interference (EMI) shielding materials
and corrosion protecting coatings.

The unique properties of P3HT-b-PS/CNT composite including large surface
area associated with MWCNTs and superhydrophobicity made it a promising
material for gas sensing. Conjugated polymers, with their interesting electrical
properties, have significant advantages over traditional semiconductor gas sensors
with respect to design flexibility and room temperature operation (86–89).
However, such application is limited by low sensitivity, long response time (tens
of seconds to minutes (83)) and interference of moisture. The low sensitivity
and long response time is mainly caused by the slow penetration of gas into
the conjugated polymers. Improvement in both sensitivity and response time
can be achieved by using nano-scale structured conjugated polymer with large
surface area (89). The interference of moisture is due to the influence of moisture
on the interface between conducting polymers and substrates which leads to a
cooperative sensing response of both analyte and moisture. Such interference
can be eliminated by keeping the moisture out of the interface. For example,
the moisture interference can be reduced by making the substrate surface
hydrophobic before the deposition of conjugated polymer (90). The conductive
superhydrophobic P3HT-b-PS/MWCNT composite can improve the sensitivity
and response time (micro- and nanostructures with large surface area), as well as
to eliminate the interference of moisture (superhydrophobicity) in the gas sensing
application.

Superhydrophobic P3HT-b-PS/MWCNT composite films were exposed to
various organic vapors to evaluate their gas sensing properties. The resistance
change of the films with exposure time was monitored to examine the responding
rate. As shown in Figure 11, the film shows a quick response to toluene,
chloroform and tetrahydrofuran (THF) with the resistance change saturating
within 5 seconds after the exposure. The resistance of the film recovered quickly
when the vapor was removed. Multiple cycles of exposure and removal of the
vapor induced similar decrease and increase of the film resistance, suggesting
a good stability and sensitivity of the sensors. On the other hand, the film had
no response to polar organic solvents such as methanol, ethanol, acetic acid
and acetone, due to a low solubility of P3HT in these solvents. Above all, the
P3HT-b-PS/MWCNT composite film is completely inert to moisture (Figure 11).
The gas sensing response of the film towards moisture-rich organic vapors of
toluene, chloroform, and THF was exactly the same as what was observed from
the pure organic vapors.

Non-Invasive Functionalization of CNTs

P3HT block copolymers can also non-invasively functionalize CNTs by using
functional non-conjugated block. Two P3HT block copolymers P3HT-b-PAA and
P3HT-b-PPEGA were synthesized and used to introduce acid groups on pristine
CNTs, and obtain good solubility of CNTs in polar and non-polar solvents,
respectively.
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Figure 10. SEM image of the honeycomb structures formed by solvent casting of
P3HT-b-PS/MWCNT dispersions. d) Magnified view of the honeycomb structure
showing P3HT-b-PS-rich ridge and MWCNT-rich base. e) Fluorescence image
of the honeycomb structure. f) A digital photo image of a 10 μL water droplet on

superhydrophobic surface with a contact angle of 159.6°.

Carboxylate Group Functionalized CNTs

Carboxylate groups functionalized CNTs (CNTs-COO-) are important
and versatile precursors for CNTs composites with metal, metal oxide or
semiconductive nanoparticles, which have potential applications for energy
conversion and storage. For example, ruthenium oxide nanoparticles were
attached on carboxylated CNTs as supercapacitor electrode materials (91).
Platinum nanoparticles on acid functionalized CNTs demonstrated high
electrocatalytic activity for methanol oxidation, which is crucial for efficient
fuel cells (92). Although CNTs-COO- can be obtained by a well established
approach of treating CNTs with HNO3/H2SO4 (9), the resultant functionalized
CNTs were shortened down to 1μm with decreased electrical and mechanical
properties. Additionally, carboxylate groups are not uniformly distributed on
CNTs, and mainly located at the defect of CNT fragments without the control of
the carboxylate group density. In our studies, P3HT-b-PAA was used to disperse
and functionalize MWCNTs in THF. According to our proposed mechanism,
P3HT blocks attach to the surface of MWCNT through π-π interactions, while
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the PAA blocks locate at the surface of CNTs and functionalize MWCNT with
carboxylate groups. The TEM characterization of the obtained MWCNT-COO-

shows that MWCNTs were dispersed into individual tube level with large aspect
ratio (Figure 12a). Since P3HT-b-PAA block copolymers bond with CNTs
through non-covalent π-π interactions, and a short time sonication was applied for
the dispersing process, the chemical structure, electric and mechanical properties
were maintained.

The high resolution TEM image of MWCNT-COOH (Figure 12b) reveals
that the CNT is covered homogenously by an amorphous thin layer of the block
copolymers. The homogenous and non-specific binding of P3HT-b-PAA on
CNT surfaces allows a uniform distribution of carboxylic groups. Additionally,
the carboxylic group density on CNT surfaces can be controlled by tuning the
composition of P3HT-b-PAA. The P3HT-b-PAA block copolymers with longer
PAA block will lead to higher density of acid groups on CNT surfaces. In order to
investigate the relationship between block copolymer composition and acid group
density on CNTs. P3HT-b-PAAs with P3HT to PAA ratio of 1:6.8 and 1:0.9
were synthesized by the hydrolysis of corresponding P3HT-b-PtBA. MWCNTs
were dispersed by these two types of P3HT-b-PAA in THF with the same P3HT
to MWCNT weight ratio (0.5:1). The dispersion was purified by three cycles of
centrifugation and re-dispersing to remove free P3HT-b-PAA. The dispersion
was finally collected by centrifugation and dried in vacuum. The weight ratio
between P3HT-b-PAA and MWCNTs of the obtained MWCNT-COOH was
characterized by thermogravimetric analysis (TGA) (66) to be 1.72:1 and 0.63:1
for 1:6.8 and 1:0.9 P3HT-b-PAA, respectively. 1:6.8 P3HT-b-PAA leads to much
higher polymer content in the MWCNT-COOH indicating denser carboxylic
acid group on MWCNT surface. The carboxylic group density on the obtained
CNT-COOH was characterized by the titration with NaOH (10-3M) (93), and was
determined to be 7.5 and 1.2 mmol/g for the P3HT-b-PAA with the P3HT to PAA
ratio of 1:6.8 and 1:0.9, respectively. Therefore, P3HT-b-PAA block copolymers
can not only introduce carboxylic groups onto CNT surfaces while retaining
their structure and properties, but also provide uniform distribution of carboxylic
groups on CNT surfaces with controlled density.

Manipulating Solubility of CNTs in Various Solvents

CNTs with good solubility in a variety of solvents are desirable for different
applications. Base on our previous results, we believe that such CNTs can
be obtained by surface modification with conjugated block polymers with
non-conjugated amphiphilic blocks which are soluble in both polar and non-polar
solvents. The amphiphilic blocks anchored on CNT surfaces endow CNTs with
the solubility in various solvents. To verify the speculation, a conjugated block
copolymer with an amphiphilic block- poly(3-hexylthiophene)-b-poly (poly
(ethylene glycol) methyl ether acrylate) (P3HT-b-PPEGA) was synthesized.

MWCNTs were first dispersed by P3HT-b-PPEGA in chloroform, and
the solvent was removed to obtain a solid product. The solubility of the
P3HT-b-PPEGA dispersed MWCNTwas tested by re-dispersing the solid product
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Figure 11. The normalized resistance of the superhydrophobic film exposed to
organic vapor: a) toluene; b) chloroform; c) tetrahydrofuran; d) moisture. Solid
arrows and dash arrows indicate the moment that the sample was exposed to and

removed from the vapor, respectively.

Figure 12. a) A TEM image of MWCNT dispersed by P3HT-b-PAA, b) A HRTEM
image indicating homogenous coverage of CNT by P3HT-b-PAA.

in various solvents. In comparison, the solubility of P3HT dispersed MWCNTs
was also tested. The P3HT dispersed MWCNT is soluble in chloroform, but not
soluble in toluene, methanol, ethanol, dimethylformamide (DMF), acetonitrile,
or water. In contrast, P3HT-b-PPEGA dispersed MWCNTs are soluble in various
solvents including chloroform, toluene, methanol, ethanol, DMF, and acetonitrile.
All these solvents are good solvents for the PPEGA block, indicating that the
solubility of CNTs can be manipulated by the PPEGA block. The photographs in
Figure 13 show that P3HT-b-PPEGA can disperse MWCNT in different solvents.
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Figure 13. The photographs of P3HT-b-PPEGA dispersed MWCNT in a)
chloroform, b) toluene, c) methanol, d) DMF.

Figure 14. TEM images of P3HT supramolecular structures on MWCNTs (a and
c, P3HT/MWCNT mass ratio = 7) and SWCNTs b and d, P3HT/SWCNT mass
ratio = 22). The width of the nanowhiskers is about 12~15 nm. (Scale bar: a,

b = 500 nm, c, d = 100 nm)
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Poly(3-hexylthiophene) Supramolecular Structures on Dispersed CNTs

As mentioned previously, P3HT and CNTs are promising materials for
organic photovoltaics (12–23). Studies of the relationship between the P3HT film
morphology and its charge mobility clearly suggested that more ordered structure
led to higher charge mobilities (17, 94). Un-ordered crystalline domains in P3HT
creates a tortuous charge transport path that in turn lowers the effective charge
mobility and increases the charge recombination. To achieve long-range ordered
P3HT structures, P3HT nanowhiskers (with high aspect ratio) were fabricated
by dissolving P3HT in their hot marginal solvents followed by a slow cooling
process (95, 96). The resulted P3HT nanowhiskers have ordered crystalline
structures with high charge mobility, leading to better performances in OPV
devices (95, 96). Based on previous reports about CNT induced crystallization of
semicrystalline polymers (97–99) and our recent work of dispersing CNTs using
regioregular poly(3-hexylthiophene) (P3HT) and P3HT block copolymers (75,
76), we have utilized CNTs to induce the crystallization of P3HT to form ordered
“centipede-like” P3HT supramolecular structures on CNTs.

To fabricate P3HT supramolecular structures on CNT surfaces, P3HT
dispersed CNTs (SWCNTs or MWCNTs) were added to a hot P3HT anisole
solution. The solution was then quickly cooled down to room temperature and
stood overnight for crystallization. Due to the low solubility of P3HT in anisole
at room temperature, P3HT precipitated from the supersaturated solution, and
formed supramolecular structures (nanowhiskers) on CNT surfaces. The resulted
dark purple suspension was stable at room temperature for months, and the
obtained supramolecular structures were examined by transmission electron
microscopy (TEM) and atomic force microscopy (AFM). As shown in Figure
14, ordered P3HT nanowhiskers grow perpendicularly from both MWCNT
and SWCNT surfaces, generating “centipede-like” supramolecular structures.
The width of the nanowhiskers is almost the same as that of the free P3HT
nanowhiskers prepared without CNTs. The TEM images also show that the
diameter of SWCNTs (5-7 nm) is larger than that of bare SWCNTs (0.8-1.2 nm).
Moreover, Figure 14a clearly show that the obtained supramolecular structures
on MWCNTs are affected by the nanotube diameter and surface curvature.
Generally, MWCNTs with large diameter and less surface curvature have a higher
density of nanowhiskers. In contrast, the nanowhiskers on SWCNTs (Figure 14b)
are more uniform because SWCNTs are straight with uniform diameters.

The AFM height images (Figure 15) show the same P3HT supramolecular
structures on CNT surfaces as those observed by TEM. From the AFM cross
section analysis (bottom panel in Figure 15), the height of the P3HT nanowhiskers
is around 3-5 nm on both MWCNTs and SWCNTs, which is approximately 2 or
3 times of the lattice dimension of the P3HT unit cell (1.68 nm). The height of
MWCNTs and SWCNTs is about 17 nm and 1 nm, respectively. The width of the
P3HT nanowhiskers is around 28-32 nm determined by AFM. The deviation from
the values given by the TEM (12~15 nm) may be caused by the AFM tips (100,
101).

The formation of the “centipede-like” P3HT supramolecular structures is
believed to be through the CNT enhanced crystallization of P3HT, where the
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Figure 15. Tapping-mode AFM height images (top) and their cross sections
of the line trace (bottom) of P3HT supramolecular structures on MWCNTs (a,
P3HT/MWCNT mass ratio = 7) and SWCNTs (b, P3HT/SWCNT mass ratio = 22)

on silicon wafers (SiO2/Si substrates) by drop casting.

dispersed CNTs function as the nucleation seeds to grow P3HT nanowhiskers
(Figure 16a). The P3HT (0.05mg/mL) isothermal crystallization processes in
anisole with (Figure 16b) and without CNTs were studied by in-situ UV-Vis
spectroscopy (Figure 16c). The evolution of UV-Vis absorption of P3HT
in anisole with MWCNTs during the crystallization process is presented in
Figure16a. The intensity of the absorption at 455 nm attributed to individual or
isolated P3HT chain in solution decreases, while the low-energy absorption bands
at 510, 550, and 600 nm increased. These low-energy peaks were explained
as a combination of a π-π* electronic transition and a strong lattice vibration
in P3HT crystalline domains (102). The absorbance in these fine structural
peaks can be employed as a quantitative method to evaluate the amount of the
crystallized P3HT in the dispersion. Therefore, the crystallization process in
anisole with and without MWCNTs could be investigated by plotting the change
of the UV-Vis absorbance at 600 nm versus time (Figure 16d). It is obvious that
MWCNTs can greatly accelerate the crystallization of P3HT. The crystallization
of P3HT completes in less than 3 hours with the presence of MWCNTs (squares),
while it takes more than 24 hours for free P3HT to finish the crystallization
(circles) (Figure 16d). The presence of an obvious isosbestic point at 481 nm in
the UV-Vis spectra suggests a direct transformation from dissolved individual
polymer chains to ordered nanowhiskers without any intermediate state (103).
Our studies show that the isothermal P3HT crystallization processes follow the
first-ordered kinetics.
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Figure 16. (a) A schematic illustration of CNT induced crystallization of P3HT.
(b)The crystallization process of P3HT on MWCNTs monitored by in situ UV-Vis
spectroscopy at room temperature. ([P3HT] = 0.05 mg/mL, P3HT/MWCNT
mass ratio = 7, collecting time of the curves (from bottom to top at 600 nm): 0
min, 5 min, 15 min, 30 min, 1 h, 1.5 h, 2 h and 3 h)(c) In situ UV-Vis absorption
spectra of P3HT isothermal crystallization process at room temperature in
anisole. ([P3HT] = 0.05 mg/mL, collecting time of the curves (from bottom to
top at 600 nm): 0 min, 10 min, 30 min, 1 h, 2 h, 4 h, 8 h, 24 h and 40 h ) (d)
UV-Vis absorbance change at 600 nm of the P3HT suspension with (squares)
and without (circles) CNTs during the crystallization process. Solid lines are

the fitted first-ordered kinetics curves.

Conclusions

In this chapter, we have demonstrated a non-invasive approach to disperse
and functionalize CNTs using conjugated block copolymers. In contrast to
traditional chemical CNT functionalization, conjugated block copolymers
disperse and introduce functionalities through π-π interaction, preserving the
mechanical and electrical properties of pristine CNTs. Additionally, conjugated
polymer and block copolymers allow bottom-up fabrication of supramolecular
nano-structures on CNTs and CNT/conjugated polymer composites. These
materials have intriguing properties for energy conversion and storage. For
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example, CNT aerogels with large surface area have been developed in our group
that can be used to support metal oxide nanoparticles for supercapacitors. The
ordered P3HT supramolecular structures on CNT surfaces are investigated to
achieve high charge mobility in organic photovoltaic devices. We believe that
it is a general approach to build functional CNT composites that will lead to
numerous applications in energy conversion and storage applications.
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Chapter 9

Tailoring the Morphology of the
Poly(3-hexylthiophene)/C60 Films and

Charge Carrier Mobility
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We used solvent-vapor treatment method to tailor the nanoscale
phase-seperation and thus tailor the charge mobility of the
poly(3-hexylthiophene)/fullerene (P3HT/C60) blend films. The
nanowires obtained by chloroform vapor treatment are rich in
C60, whereas the nanowires obtained by DCB vapor treatment
are rich in P3HT. The treated blends offers far superior hole
transport than the untreated blends, which is attributed to the
nanoscale phase-segregation and a 3-D network contained
either C60 or P3HT nanowires. Meanwhile, the electrically
bicontinous nanoscale morphology realized by controlling
the crystallinity of P3HT and C60 using different solvents
vapor results in enhanced absorption in visible light without
further heat-treatment or preparation in both cases. Solar cells
fabricating from the films after treatment show several-fold
improvements in power conversion efficiency compared to
devices having films without treatment.

1. Introduction

Polymer solar cells based on a thin-film bulk heterojunction of electron-
donating conjugated polymers and electron-accepting fullerene (C60) derivatives
have been attracted much attention in recent years for their potential applications

© 2010 American Chemical Society
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as a low cost approach to solar energy conversion (1). The blends of regioregular
poly(3-hexylthiophene) (P3HT) and C60 derivatives are the most promising
candidates for these solar cells. The power conversion efficiency of photovoltaic
devices based on P3HT/C60 derivatives has reached 4.4%-6.5% (2, 3). The recent
progress in improving the performance of the polymer/fullerene solar cells has
come from the synthesis of new low band-gap polymer (4–6), controlling the
blend nanoscale morphology (7, 8), and improving the device fabrication and
architectures (3).

The main factors that limit the performance of polymer solar cells are the
poor charge carrier transport (9) and the narrow absorption in the visible range of
solar spectrum of the active layer (10, 11). Generally, the bicontinuous nanoscale
morphology is desirable for the donor and acceptor junctions and high crystallinity
in the donor and acceptor phases is also required for the better transportation
ability of the charge carrier. However, the ideal bicontinuous two-phase nanoscale
morphology is difficult to be obtained due to the poor solubility of fullerene and the
improper phase separation during film cast process. Many protocols to control the
two-phase nanoscale morphology have been proposed, including both deposition
and post-deposition procedures, such as varying the solvents (5, 12, 13), thermal
annealing (14, 15), drying rate (2, 16), melting of bilayers (17), etc. More recently,
several works have been reported on creating nanorods or nanowires of P3HT
or C60 to form three dimension interpenetrating network, such as the formation
of fullerene nanorods with different sizes by solvent vapor treatment at different
vapor pressure (18), the P3HT nanowires/PCBM prepared from the mixture of
P3HT nanowires suspension with PCBM (19), and the formation of the fibrillar
P3HT in P3HT/PCBM blends (14). These approaches provide the promising new
protocols for morphology manipulation of conjugated polymer/C60 for solar cells
to obtain better charge carrier mobility and increase the absorption of solar energy.
The C60 derivative [6.6]-phenyl C61-butyric acid methyl ester (PCBM) was mainly
used in the published works, which is due to its good solubility. However, C60
is much cheaper than PCBM. The morphology fabrication of P3HT/C60 blends
remains a fundamental challenge in the field of conjugated polymer/C60 solar cells
(18, 20).

New facile approaches to tailor the morphology are attracting the increasing
interest for the ease producing, low cost, high efficiency, and mass production
of polymeric solar cells, especially the facile and efficient method for the
selected controlling of the nanoscale crystallinity of the components in the
active film of polymer solar cells. In this paper, the morphology in nanoscale of
the P3HT/C60 blend film was tailored by the solvent vapor of chloroform and
1,2-dichlorobenzene (DCB). The hole transport properties was investigated by
space charge limited current (SCLC) measurements (21). The correlation between
the morphology and the hole transport properties was investigated. Consequently,
solar cells were fabricated from the films after treatment and without treatment.
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Figure 1. The hole mobility of P3HT/C60 films as a function of time treated in
chloroform and DCB vapors at 25 °C.

2. Experimental Section

2.1. Materials and Sample Preparation

P3HT (regioregular, Mn = 34,500 g/mol, Mw/Mn = 1.9, Alfa Aesar) and C60
(>99.9%, Alfa Aecar) were used as received. All the solvents were analytical grade
and used as received.

For the preparation of the mixed solution (15mg/mL) that had a P3HT:C60
ratio of 1:1 by weight in DCB (> 99%, GC grade, Fluka) was stirred in glove box
at 50 °C and then spin-coated to produce a 110 nm thick active layer after being
slowly cooled to room temperature on the pre-cleaned glass (for WAXD, SEM
and AFM), quartz (for UV-vis absorption), KBr (for TEM) or ITO/PEDOT: PSS
substrates (for the solar cells and hole mobility measurements). Subsequently,
the samples were transferred into a sealed jar filled with saturated chloroform or
DCB vapor and stayed for different time at 25°C and 40°C. The saturation vapor
pressures of chloroform and DCB are 26.2 and 0.180 kPa (22), respectively, at
25°C and 47.6 and 0.445 kPa, respectively, at 40°C. The resulting samples were
dried in a vacuum box for 24 hr before measurements. Solar cells with 4 mm2
area were fabricated from P3HT/C60 blend films and tested in air under AM
1.5 illuminations. For the device fabrication, the ITO substrates first underwent
a routine cleaning procedure, which included sonication in detergent followed
by repeated rinsing in deionized water, acetone, and isopropyl alcohol, and
finally treatment with ultraviolet (UV) ozone. Poly(3,4-ethylenedioxythiophene):
polystyrenesulfonate (PEDOT:PSS, Baytron-P 4083) was first spin-cast onto an
ITO/glass substrate at a spin speed of 2500 rpm, which corresponds to a thickness
of 25 nm, and baked at 150°C for 10 min. After spin casting the polymer film,
Aluminium electrodes (100 nm thick) were deposited for solar cells testing. Here
the hole mobility was determined from the space-charge-limited current (SCLC)
model with a device structure of ITO/PEDOT:PSS/P3HT:C60 /Au (21).
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2.2. Characterization

The morphology of P3HT/C60 nanocomposite films was investigated by
transmission electron microscopy (TEM, JEOL JEM-2200FS Japan) at an
accelerating voltage of 200 kV, scan electron microscopy (SEM, JEOL 6700F
Japan) at an accelerating voltage of 5 kV and atomic force microscopy (AFM,
NanoScope III Multimode, Digital Instrument) in its tapping mode. A solar
light simulator (Oriel, 91192) was used as the white light source to give AM
1.5 illumination on the surface of the solar cells. Current density-Voltage (I-V)
characteristics were measured by a computer-controlled Keithley 236 source
measurement unit in air and under dark or calibrated simulated solar illumination
(AM 1.5).

3. Results and Discussion

Charge mobility is a key factor for the efficient collection photo-generated
charges in solar cells (23–25). Generally, the mobility of the donor material
is lower than the mobility of the acceptor material which causes a mismatch
resulting in asymmetric carrier extraction (26). The hole mobility of P3HT/C60
blend films was generally estimated by the SCLC measurements (21). Figure 1
shows that the hole mobility of the P3HT/C60 blend films increases obviously
with the treatments of both chloroform and dichloride benzene (DCB) vapors.
When the P3HT/C60 films were treated with chloroform vapor, the hole mobility
increases markedly and then decreases with treating time. The maximum value
of the hole mobility is about 2.4 × 10–2 cm2/V·s, which is a relatively higher value
for poly(3-alkylthiophene)/C60 derivatives blends in literatures (21, 24, 27), when
the film was treated for about 7 hrs. Whereas when the P3HT/C60 film was treated
with DCB, the hole mobility increases markedly within 2 hrs and then increasing
slowly with the treatment time (Figure 1). The higher hole mobility may attribute
to the enhancement on the balance between the electron and hole transport, which
reduces the space-charge accumulation (27).

The hole mobility is a function of morphological variables such as the
degree of crystallinity, crystallite size, phase domain size, etc. (23–25). In
this work, it was found that the enhancement of the hole mobility is correlated
to the morphology of the P3HT/ C60 films. The typical morphology of the
P3HT/C60 films treated with chloroform and DCB vapors are shown in Figure
2 and 3, respectively, as a function of the treating time. The results show that
the morphology development behavior is different when the P3HT/C60 films are
treated with chloroform or DCB. In the case of treating the film with chloroform,
granular structure appeared first (Figure 2b), then nanowire formed when the
film was treated for about 5 hrs (Figure 2c). The nanowire developed with
time (Figure 2d) and then new granular structure appeared (Figure 2e). When
the P3HT/C60 film was treated with chloroform vapor at 25°C for 20 hrs, the
nanowire disappeared completely and large granular formed (Figure 2f). The
morphology of the P3HT/C60 film correlates to the hole mobility of the film.
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Figure 2. The typical SEM images of the composite films s a function of time
treated in chloroform vapor at 25 °C.

The appearance of the nanowire corresponds to the increase in the hole mobility,
whereas the granular morphology relates to the decrease in the hole mobility. The
optimum treating time by chloroform is around 7 hrs when the films are treated
with chloroform vapor at 25°C (Figure 1).

When the P3HT/C60 film was treated with DCB vapor at 25°C, the nanowire
morphology appeared at about 2 hrs (Figure 3b). The nanowires morphology
developed during the whole treating procedure (Figure 2c and 2d) and resulted
the increase in hole mobility (Figure 1). The above results indicate that the
morphology changes in the P3HT/C60 films are different when treated with
chloroform and DCB vapors and the formation of the nanowire morphology in the
P3HT/C60 film promotes the increase of the hole mobility. However, a question
arises from the above results. The maximum value of the hole mobility of films
treated with chloroform vapor is higher than that of the films treated with DCB
vapor (Figure 1), even though similar morphology were observed in the films
obtained in both cases.
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Figure 3. The typical SEM images of the composite films s a function of time
treated in DCB vapor at 25 °C.

Figure 4. TEM images of P3HT/C60 films treated in chloroform (a) and DCB (b)
vapors for 5 h at 25 °C. Inset: typical high-resolution TEM (HRTEM) image of
an individual wire and SAED pattern. HRTEM shows the growing direction of

these C60 wires is along the crystallographic [110] axis.

It is known that P3HT has the good solubility in both chloroform and DCB.
However, the solubility of C60 in chloroform and DCB is 10–4.8 and 10–2.4 (g/g),
respectively (28), which may contribute to the different morphologies during the
treatment of the P3HT/C60 films with chloroform and DCB vapors. Figure 4
shows the TEM images of the nanowires obtained by chloroform and DCB vapor
treatment. The results show that the nanowires formed by chloroform vapor
treatments are typically 20–40 nm in diameter and 0.5–1 µm in length (Figure
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Figure 5. P3HT relative crystallinity calculated from WXRD curves of the
P3HT/C60 (1/1 wt ratio) films with the time of treatment time in choloroform and

DCB vapors at 25°C. Same film were used for each serial treatment.

4a). The selective area electron diffraction (down insert, Figure 4a) shows the
characteristic polymorphous diffraction spots of C60 crystallites (29) and one
discernible diffraction ring of P3HT (30, 31). The high resolution TEM image
(up insert, Figure 4a) shows the typical crystal lattice of C60 nanowire whose
growing direction is along the crystallographic [110] axis. Moreover, EDX results
indicates that the C:S ratio in the nanowire regions is about 14:1 (w:w), whereas
the C:S ratio in the region between two nanowires is about 6:1 (w:w). The
theoretical C:S ratio of the bulk P3HT/C60 blend film is 8.875:1 (w:w), whereas
the experimental C:S ratio of the bulk film is about 13:1. The results indicate that
the EDX experiments cannot determine the C:S ratio precisely in present work.
However, we can estimate the relative content of carbon and sulfur elements in
the different parts of the P3HT/C60 blend film by EDX experimental results. The
above results indicate that the nanowires obtained by the chloroform treatment
are the C60-rich domain. The C60-rich nanowires connect each other and form the
non-woven like network in the semi-crystallized P3HT matrix. In the case of the
nanowires obtained by the DCB vapor treatment, their diameter is 10–20 nm and
the length is more than 1 µm (Figure 4b). Moreover, one discernible diffraction
ring can be observed in the SAED pattern without the appearance of the C60
crystal diffraction pattern (insert, Figure 4b), corresponding to characteristic
diffraction of P3HT crystals. EDX results show that the C:S ratio is about 7:1 and
12:1 (w:w) in the nanowires region and in the matrix region, respectively, which
indicates that the nanowires formed by DCB vapor treatment are rich in P3HT.

Wide-angle X-ray diffraction (WAXD) experiments indicate that the
crystalline peak of P3HT increases with the chloroform and DCB-vapor
treatments. The peak area of the P3HT is shown in Figure 5 as a function of
the time that the blends films were treated by chloroform and DCB vapors. The
results show that the crystalline peak area of P3HT of the same thin film increase
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Figure 6. UV-vis absorption spectra of the P3HT/C60 films treated in chloroform
vapor (a) and DCB vapor (b) at 25 °C.

with the time treated with both chloroform and DCB vapors (Figure 5), indicates
the crystallinity of P3HT increases with vapor treatment.

The different nanowires formed by chloroform and DCB vapor treatments
can be depicted as follows. During the chloroform vapor treatment, the solvent
molecules penetrate into the P3HT matrix and increase the mobility of polymer
chain as a plasticizer. Simultaneously, the dispersed C60 molecules acquired the
increased mobility due to that P3HT was partially dissolved. Therefore, P3HT
chains self-organized into more ordered structure and C60 molecules aggregated
into crystals simultaneously (32). During the DCB vapor treatment, P3HT self-
organized into more ordered and nanowire-like crystallite due to that P3HT has
a much better solubility in DCB than that in chloroform. Moreover, since C60
can well dissolved in DCB, the DCB molecules penetrate into the C60 aggregates
which leads to the isotropic phase of C60 as that in the solution. When the film is
dried in vacuum after DCB vapor solvent treatment, the C60molecules in the blend
film were quenched in the P3HT matrix due to the fast evaporation of DCB. As
a result, no crystallite of C60 was formed when the P3HT/C60 films were treated
by DCB vapor. Another additional reason for the different results obtained by
chloroform-vapor and DCB-vapor treatment might be that because the chloroform
molecule is much smaller than DCB, the former can be easily trapped in C60 crystal
due to its large molecule size (~0.8 nm in diameter) and so assists the nucleation
and crystallization process of C60. The above results indicate that both chloroform
and DCB vapor treatment lead to the self-organization of polymer chains, whereas
the crystallizability of C60 is different due to the different interactions between C60
and solvents molecule.

The above results and discussion may answer the question why the films
treated with chloroform vapor have a higher hole mobility than that treated
with DCB vapor (Figure 1). In the films treated with chloroform vapor, the
C60 crystallized into nanowire. The transport properties of charge carriers in
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Figure 7. Power conversion efficiency under AM 1.5 full sunlight irradiation
intensities of P3HT/C60 solar cells as a function of the time treated in solvent

vapor at 25°C.

the C60 single crystals has been investigated by time-of-flight technique and the
absolute values of the mobility of the holes and electrons in C60 single crystals
are 1.7±0.2 cm2/V·s and 0.5±0.2 cm–2/V·s), respectively (33). Therefore, in the
case of P3HT/C60 films treated with chloroform, both the holes and electrons can
transport in the induced C60 crystals in the films, which resulted the higher hole
mobility than that of the filmwithout C60 crystal treated with DCB vapor. Previous
studies have shown that the addition of PCBM into PPV (34), MDMO-PPV (35),
and a red polyfluorene (36) improves not only electron mobility but also hole
mobility, which also indicated that the holes can transport in both the conducting
polymer and PCBM phases. The decreases of the hole mobility of the films
treated with chloroform vapor for more than 7 hrs (Figure 1) is due to that the
C60 large aggregates are formed and the the intersurface between the P3HT and
C60 is decreased. The results suggest that the crystallinity of both conducting
polymer and C60 as well as the phase size are essential to improve the efficiency
for organic solar cells.

It has been noted that the color of the P3HT/C60 film treated by chloroform
and DCB vapors are also different. In the case of films treated by chloroform, the
orange as-cast films changed gradually into brown red. Whereas the films treated
by DCB changed gradually into purple. Figure 6 shows the UV-vis spectra of the
P3HT/C60 blend films treated with chloroform and DCB vapor for different time.
The results show that the intensity of the vibronic absorption peaks at λ = 600,
550, 510 nm (37), which come from the more ordered structure of P3HT (32),
increases obviously with the time treated by solvent vapors. Similar phenomena
have been found when the blend films were treated by thermal annealing (14).
Whereas the absorption peaks of C60 at λ = 215, 262, and 340 nm decrease rapidly
when the films were treated by DCB vapors for 5 hrs, which is probably attributed
to two aspects as follows. (i) The reduced reflectivity derived from the increased
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Figure 8. SEM images of P3HT/C60 (1/1 wt ratio) films treated with chloroform
and DCB vapors at 40°C.

roughness of the blends film after the DCB vapor treatment. The formation of
P3HT nanowire gives a much rougher surface than the untreated film. (ii) The
strength of the C60 molecular transition assigned to 215, 262, and 340 nm was
lower resulting from decrease of π-π interaction between P3HT and C60 because
of the phase separation of the two components. The above results indicate that
the structure and morphology of the P3HT/C60 blend films can be tailored by the
treatment in different solvent vapors. The increased absorption in the range of
500-700nm could help to improve the harvesting of solar energy, which will lead
to the higher photocurrent output.

Figure 7 shows a comparison of power conversion efficiency of as-cast and
solvent-vapor treated solar cells. The devices efficiency increased markedly after
both chloroform andDCB vapor treatment. When the P3HT/C60 films were treated
with chloroform vapor, the device efficiency first increases obviously with the
treating time. The device efficiency reaches its maximum value at about 7 hrs and
then decreases with treating time. Whereas when the P3HT/C60 film was treated
with DCB, the device efficiency increases with the treating time. Obviously, the
interpenetration two-phase morphology enabled by P3HT or C60 nanowires offers
much better device performance resulting from far superior hole transport and
increased light absorption. The dependence of the device efficiency on the treating
time is similar to that of the hole mobility.

The influence of vapor treatment temperature on the morphology control
of P3HT/C60 film is also investigated under the vapor treatments by chloroform
and DCB and the results are given in the supporting information. The results
shows that in both cases the phase separation of the P3HT/C60 film blend film
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Figure 9. UV-vis absorption spectra of the P3HT/C60 films treated in chloroform
vapor (a) and DCB (b) vapor at 40°C.

Figure 10. The hole mobility of P3HT/C60 films as a function of time treated in
the chloroform and DCB vapor at 40°C.

at 40°C is faster than that at 25°C, which leads to the less ordered morphology
in the blend film (Figure 8). No nanowire structure is observed which maybe
attribute to that the phase separation and aggregation of P3HT and C60 are too fast
to form dedicated crystalline nanowire structure at 40°C. Whereas the UV-Vis
absorption spectra also show the similar results as those treated at 25°C due to the
increased crystallinity and ordered structure of P3HT in the blend films (Figure
9). Moreover, both of the hole mobility of the blend films (Figure 10) and the
device efficiency (Figure 11) first increase obviously with the treating time as
that treated at 25°C. However, the hole mobility of the blend films and the device
efficiency then decrease due to reduced intersurface caused by the formation of
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Figure 11. Power conversion efficiency under AM 1.5 full sunlight irradiation
intensities of P3HT/C60 solar cells as a function of the time treated in solvent

vapors at 40°C.

large aggregates. These results indicate that lower treating temperature benefits
the morphology control of P3HT/C60 film.

4. Conclusions

Phase separation of P3HT/C60 blend films were tailored by solvent vapor
treatments and the hole mobility of the films was improved remarkably. When
the films were treated with chloroform vapor, C60 aggregates into crystalline
nanowires and formed interconnect network in the P3HT matrix. Whereas P3HT
nanowires interconnect network was formed without forming C60 crystals when
the films were treated with DCB vapor treatment. Both chloroform and DCB
treatment resulted the obvious increase in charge mobility of the films and the
absorption of the P3HT/C60 films at 500-700nm. The hole mobility of the films
treated with chloroform vapor is higher than that of the film treated with DCB
vapor due to the ambipolar charge transport of C60 crystals. The several-fold
enhancement of device efficiency after solvent-vapor treatment is attributed
to the better charge transport enabled by the nanowire network and increased
light absorption resulting from crystalline of P3HT and C60. The demonstrated
ability to control the crystallinity of P3HT and C60 using different solvent-vapor
treatment opens a new route to obtain proper phase separating and 3-D network
in P3HT/C60 blends and better charge mobility to help improve efficiency of
photovoltaic devices.
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Chapter 10

Quantum Dots in Polymer Films for Light
Selectivity

William Z. Xu and Paul A. Charpentier*
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*pcharpentier@eng.uwo.ca

By taking advantage of the spectral properties of quantum
dots (QDs), QD-poly(ethylene-co-vinyl acetate) (PEVA)
nanocomposites were synthesized using supercritical carbon
dioxide (scCO2). As a very promising copolymer, PEVA has
been widely applied in various fields including photovoltaic
encapsulation. In order to effectively apply scCO2 for the
synthesis of QD-PEVA nanocomposite films, the reactivity
ratios of ethylene and vinyl acetate were determined using
in situ FTIR. For the QD synthesis, both CdS and CdS-ZnS
core-shell QDs were synthesized by means of the pyrolysis
of single molecular precursors, then functionalized with a
methoxysilane group, which were subsequent attached to PEVA
chains in scCO2 using sol-gel chemistry. The synthesized
QD-PEVA nanofilms displayed significant absorption in the
UV and violet regions of the electromagnetic spectrum, while
providing a characteristic emission in the region from orange
to red light. These QD-polymer nanofilms have potential
applications in sunlight conversion.

Introduction

Converting higher-energy UV irradiation from solar light into desirable
lower-energy light is of significant scientific and industrial interest (1). Potentially,
polymer films can be tailored for various applications such as in energy

© 2010 American Chemical Society
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conversion processes such as solar cell coatings, window coatings, or greenhouses
for heat and sunlight control. Semiconducting nanocrystalline quantum dots
(QDs) provide this ability and are being explored in a variety of fields such
as nanobiotechnology (2, 3) and solar cell technology (4). When the QDs are
irradiated by light from an excitation source to reach their respective excited
states, they emit photons corresponding to their respective energy band gaps.
The advantages of QDs over conventional organic fluorescent dyes include large
absorption bands, narrow spectral emission bands, and photochemical stability
(5). Furthermore, the band gaps of quantum dots can be tailored by changing
the type of QDs, e.g., CdS, CdSe and CdTe, and/or the size, which are tunable
by controlling the reaction conditions such as time and temperature (6–8). By
incorporation of QDs into a polymer matrix, one can potentially synthesize
light-selective polymeric nanofilms.

Due to their nanosize dimensions, the colloidal QDs must be stabilized by
an outer layer of organic ligands. These ligands dictate the surface chemistry
of the QDs, and therefore play a key role in the miscibility within a polymer
(9). As the high-temperature synthesis of QDs is not compatible with most
organic functional groups, ligand exchange is often required for the introduction
of surface functionality to the QDs. Ligand exchange with various thiol ligands
has been extensively studied (10–13). Compatible organic ligands with polymer
matrices, such as bifunctional molecules containing a coordination “head” and
a polymerizable “tail”, enable the applications of QDs in polymer composites
(14). Bawendi et al (9) reported a family of oligomeric phosphine ligands
allowing tunable compatibility in diverse environments and flexibility for further
chemistry. In their study, tris(hydroxypropyl)phosphine (THPP) was reacted
with diisocyanatohexane (DIH) to produce oligomerized THPP that was further
functionalized with molecules containing an isocyanate group and an additional
functional group such as methacrylate group which enabled copolymerization of
QDs with many monomers.

Several polymers are of interest for solar applications including conductive
melt processible polymers for energy transport and optically transparent polymers
for films and coatings (15, 16). Poly(ethylene-co-vinyl acetate) (PEVA) is
a polyolefin copolymer which resembles polyethylene but has considerably
increased flexibility, with lower crystallinity suitable for transparent films.
PEVA copolymers containing 2~18% VAc are well-recognized materials in the
film industry and are widely used as an encapsulating resin for silicon based
photovoltaic (PV) devices providing mechanical support, electrical isolation, and
protection against environmental exposure (17). Some of the grades are also
used for hot-melt adhesive applications that are of significant interest for solar
applications.

The physical and mechanical properties of PEVA depend primarily on
the vinyl acetate (VAc) content and the polymerization process. The VAc
content has a significant effect on the crystallinity, flexibility, and elastomeric
properties of the copolymer with increasing VAc content leading to the PEVA
copolymer becoming softer and more transparent. Although the reactivity ratios
of copolymerization of ethylene and vinyl acetate were previously studied under
various reaction conditions (18), they have not been examined in the green
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Figure 1. Schematic diagram of experimental setup. (A) Computer; (B) FTIR;
(C) K4 conduit; (D) 100-mL stainless steel autoclave equipped with IR probe;
(E) heating mantle; (F) Parr 4842 temperature and stirring speed controller with
pressure display; (G) stirrer; (H) needle valve; (I) check valve; (J) ISCO 260D
syringe pump; (K) & (L) purification columns; (M) CO2 cylinder; (N) ISCO

100DX syringe pump; (O) ethylene cylinder.

solvent, supercritical carbon dioxide (scCO2). ScCO2 has emerged as a viable
“green” alternative to organic solvents (19, 20) as CO2 is inexpensive, non-toxic,
non-flammable, and environmentally benign (21). In the supercritical state (Tc=
31.1 °C, Pc = 7.38MPa), it can have unique properties such as a liquid-like density,
gas-like diffusivity, and “zero surface tension” with these properties “tunable”
by varying the pressure and/or temperature (22). DeSimone and coworkers have
shown that scCO2 is a promising alternative medium for free-radical, cationic,
and step-growth polymerizations, and continuous processes (21, 23, 24). In
addition, polymerization in scCO2 provides the ability to produce new desirable
properties in the polymer, including enhanced free volume for increased loading
of nanoparticles (25).

The goal of this research was to explore the possibility of synthesis of PEVA
and PEVA-based nanocomposites containing QDs using scCO2. Particularly,
by incorporating QDs into a PEVA matrix, it was expected to synthesize
light-selective PEVA films, expanding the application of PEVA to new areas
for light and heat selective films. In order to effectively control and tailor the
copolymers with desired composition, the reactivity ratios of ethylene and vinyl
acetate in scCO2were measured by means of in situ FTIR. To make light-selective
PEVA films, CdS-ZnS core-shell QDs and CdS QDs were synthesized at a
relatively low temperature, functionalized with a methoxysilane group, and then
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Scheme 1. Synthesis of CdS-ZnS core-shell QDs

incorporated into poly(vinyl acetate) (PVAc) and PEVA matrices by means of
hydrolysis/condensation in scCO2.

Experimental

Materials

Instrument grade CO2 (99.99% purity from Praxair Canada Inc., with
dip-tube), polymer grade ethylene (99.9% purity, Praxair), and ultra high-purity
N2 (99.99%, Praxair) were further purified by passing through columns filled
with 5 Å molecular sieves and reduced 20% copper oxide/Al2O3 to remove
the moisture and oxygen, respectively. Argon (99.999% purity, Praxair) was
used without further purification. Vinyl acetate (VAc) (>99%) purchased from
Sigma-Aldrich Canada was further purified by passing through an inhibitor
removal column (Aldrich) to remove hydroquinone. 1,2,4-Trichlorobenzene
(TCB) (>99%), (3-mercaptopropyl)trimethoxysilane (MPTMO), tetrahydrofuran
(THF) (≥99.9%) (CHROMASOLV® Plus), tetraethyl orthosilicate (TEOS)
(98%), tetramethyl orthosilicate (TMOS) (98%), vinyltrimethoxysilane (VTMO)
(97%), pentane (≥99%) (DriSolv®), zinc diethyldithiocarbamate (98%), glacial
acetic acid (≥99.99%), trioctylamine (TOA) (≥99.0%) (Fluka), trioctylphosphine
(TOP) (≥90%) (Fluka), anhydrous methanol (99.8%), and toluene (≥99.9%)
(CHROMASOLV® Plus) were purchased from Sigma-Aldrich Canada and used
as received. Anhydrous ethyl alcohol was purchased from Commercial Alcohols,
Inc., Canada and used as received. Bis(diethyldithiocarbamato) cadmium (II), and
the initiator diethyl peroxydicarbonate (DEPDC) were synthesized as previously
described (26, 27).
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Experimental Setup

Figure 1 displays the experimental setup, comprising a 100-mL high-pressure
stainless steel autoclave coupled with a digital pressure transducer and a
temperature controller. The stirring speed was controlled at 300 rpm. In situ
FTIR was mounted at the bottom of the autoclave to monitor the reactions
using a high-pressure immersion probe (Sentinel-Mettler Toledo AutoChem).
The DiComp ATR probe consists of a diamond wafer, a gold seal, a ZnSe
support/focusing element, housed in alloy C-276. The probe was attached to an
FTIR spectrometer (Mettler Toledo AutoChem ReactIR 4000) via a mirrored
optical conduit, connected to a computer, supported by ReactIR 2.21 software
(MTAC). Spectra were recorded at a resolution of 2 cm-1 and the absorption
spectra were the results of 32 scans.

Copolymerization of Ethylene and Vinyl Acetate

The copolymerizations were carried out at 50±1 or 72±1 °C, and 27.6±0.3
or 13.8±0.3 MPa in the 100-mL autoclave. Vinyl acetate and initiator DEPDC
were charged into the reactor, purged with a flow of argon, then ethylene and CO2
were pumped into the autoclave by means of syringe pumps (Isco 100DX and Isco
260D, respectively). The amount of ethylene and CO2 injected into the reactor
was determined by measuring the pressure and volume dispensed from the syringe
pumps, with the density obtained from equations of state (28, 29).

Preparation of CdS-ZnS and CdS QDs

Synthesis of CdS-ZnS core-shell QDs were carried out as shown in Scheme
1. 25 mL TOA and a magnetic stirring bar were placed in a 100-mL three-neck
flask under nitrogen equipped with a reflux condenser, a thermometer, and a
thermocouple for automatic temperature control. When the temperature was
stable at 180 °C, a solution of 0.5 g Cd[S2CN(C2H5)2]2 in 9 mL TOP was rapidly
injected into the flask. After 5 min reaction, a solution of 0.2 g Zn[S2CN(C2H5)2]2
in 3 mL TOP was slowly added dropwise. 5 min after the completion of addition
of the zinc diethyldithiocarbamate solution, the heater was removed to cool down
the reaction mixture. When the temperature dropped to ca. 75 °C, a large excess
of methanol/ethyl alcohol was added followed by separation of the quantum dots
through centrifugation. The QDs were washed with methanol, and then dispersed
into toluene. The mixture of QDs in toluene was further filtered under vacuum to
remove any insoluble material (poorly capped and large particles).

For the synthesis of CdS QDs, the procedure was carried out in the same
manner as the synthesis of CdS-ZnS core-shell QDs described above, except a
higher temperature (235 °C), longer reaction time (30 min), and no addition of
Zn[S2CN(C2H5)2]2 were utilized.
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Scheme 2. Ligand exchange of CdS-ZnS core-shell QDs

Scheme 3. 2-step synthesis of QD-PEVA nanofilm in scCO2

Ligand Exchange of QDs

The synthesized QDs were subsequently ligand exchanged with 5 mM
MPTMO with stirring at 70 °C for 24 hours under a nitrogen flow, as shown
in Scheme 2. After the reaction, the reaction mixture was cooled to ambient
temperature. Then a large excess of pentane was added into the mixture followed
by separation of the QDs through centrifugation. The separated quantum dots
were re-dispersed into 40 mL of toluene, and then 5 mM MPTMO was added.
The mixture was refluxed with stirring under a nitrogen flow at 70 °C for 24
hours. This procedure was repeated several times. After centrifugation, the
surface-displaced QDs were dispersed in toluene.

Synthesis of QD-PEVA Nanofilms

The synthesis of QD-PEVA nanofilms was carried out using a two-step
method (Scheme 3). A poly(ethylene-vinyl acetate-VTMO) terpolymer (1 g),
QD solution (1 g 0.39 wt% in toluene), HAc(0.005 mol), toluene (2.2 g), and
MPTMO (0.04 g) were introduced into the 100-mL autoclave, with TOP(0.06
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Figure 2. TEM images and particle size distribution histograms of the SiO2-PVAc
nanocomposites from the one-pot synthesis in scCO2 using TMOS (left) / TEOS
(right) (the experimental conditions: T = 60 °C, P = 16.8 MPa, molar ratio: VAc
: VTMO : HAc : TMOS : DEPDC = 40 : 1 : 43 : 10 : 1). (Reproduced with

permission from reference (25). Copyright 2007 The Royal Society of Chemistry.)

g) being optionally added, followed by pumping CO2 into the autoclave by the
syringe pump (Isco 260D). The reaction was carried out at 50 or 80 °C under 27.6
MPa for 2 or 20 hours for the synthesis of CdS-ZnS QD-PEVA nanofilms and at
50 °C under 27.6 MPa for 2 hours for the synthesis of CdS QD-PEVA nanofilms.
After the reaction, CO2 was carefully vented leaving the formed sample in the
autoclave. The solid product was collected from the reactor and subsequently
dried under vacuum at 60 °C overnight.

Characterization

Photoluminescence (PL) spectra were recorded on a Photon Technology
International QuantaMaster™. UV-Vis absorption spectra were measured on a
Cary Varian UV-VIS spectrophotometer or a Shimadzu UV-3600 UV-VIS-NIR
spectrophotometer. Transmission electron microscopy (TEM) images were
recorded using a Philips CM10 transmission electron microscope operated at
80 kV. The specimens were previously dissolved in toluene or THF, and then
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Figure 3. In situ FTIR waterfall plot of the copolymerization of ethylene and
VAc in scCO2 (the experimental conditions: T=50°C, P=27.6MPa, ethylene

mole fraction in feed: 0.887).

placed on a copper grid covered with carbon film. High resolution transmission
electron microscopy (HRTEM) images were recorded using a JEOL 2010F FEG
TEM/STEM operated at 200 kV. The images were taken with the Gatan Tridium
spectrometer with a 2048 × 2048 CCD array. The in situ ATR-FTIR was applied
to monitor the various chemistries studied including: (1) the copolymerization
of ethylene and VAc in scCO2, (2) the CdS-ZnS QDs before and after ligand
exchange, and (3) the synthesis of QD-polymer nanofilms.

Results and Discussion

Polymer Nanocomposite Synthesis Using ScCO2

In addition to being a green solvent, supercritical carbon dioxide (scCO2)
is also an enabling agent for the synthesis of nanoparticles and polymer
nanocomposites (25). Initial proof-of-concept experiments examined parallel
reactions of free-radical polymerization chemistry along with sol-gel chemistry.
Figure 2 shows TEM images of the resulting SiO2-poly(vinyl acetate) (PVAc)
nanocomposites formed from a one-pot synthesis in scCO2 using TMOS and
TEOS, respectively, where copolymerization of VAc and VTMO and hydrolysis
of TMOS or TEOS took place simultaneously. One significant advantage of
scCO2 in this synthesis of polymer nanocomposites is the uniform dispersion
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of nano-SiO2 into the PVAc matrices. SiO2 is transparent as described below,
although can have excellent heat transfer capabilities (high R value) due to its
aerogel structure (30).

Copolymerization of Ethylene and VAc in ScCO2

As described in the introduction, PEVA is a flexible polymer utilized as a
photovoltaic encapsulant. In order to synthesize PEVA-based nanocomposites
of quantum dots using scCO2, it is firstly necessary to obtain the reactivity
ratios for the copolymerization of ethylene and VAc under similar experimental
conditions. These reactivity ratios provide how much of the monomers ethylene
and vinyl acetate are integrated into the PEVA copolymer, influencing both
the transparency and the polymers glass transition temperature (Tg). In situ
FTIR was utilized for this determination of the reactivity ratios under the
high-pressure experimental conditions. Figure 3 displays a typical in situ FTIR
waterfall plot of the copolymerization of ethylene and VAc in scCO2 at the early
stages of the copolymerization. Normally, while performing kinetic analysis on
copolymerizations, the consumption of the monomers is monitored. However,
while following this copolymerization in scCO2, the consumption of ethylene
could not be monitored due to its infrared-inactive vC=C peak. Although the
consumption of VAc could be followed from the characteristic vC=C peak (1648
cm-1), this peak was rather small. By analyzing the spectra, the absorbance
intensities increased quickly during the first several minutes at 2929, 2856, 1737,
1241 and 1021 cm-1, which are attributed to the formation of copolymers. The
growing PEVA peaks provide useful and reliable information on the composition
of the formed copolymers at low conversions, from which the reactivity ratios
can be determined.

By using theMayo-Lewis equation, the reactivity ratios were calculated using
both the non-linear least-square and the Kelen-Tudos (31) methods. The reactivity
ratios of both ethylene and VAc decrease slightly with increasing temperature
from 50 to 72 °C and increase with pressure (32). As the reactivity ratios of
both ethylene and VAc change in the same direction when varing the reaction
temperature and pressure, the copolymer composition for the same monomer feed
composition varies only slightly under the experimental conditions, as seen in
Figure 4.

The small degree of dependence of reactivity ratios on temperature/pressure
that was experimentally observed might be due in part to the variation of solvent
nature with these variables, as reflected by the changing density (0.854, 0.756, and
0.665 g/ml at 50 °C 27.6 MPa, 72 °C 27.6 MPa, and 50 °C 13.8 MPa, respectively
(29)). The effect of solvent on the copolymerization of ethylene and vinyl acetate
was studied by Van der Meer et al (33) at 62 °C and 3.4 MPa who found that
solvents of higher polarity or stronger interaction with VAc resulted in higher
rethylene and lower rVAc values. Our experimental results are in good agreement
with this finding, with lower rethylene and higher rVAc values being observed when
the non-polar scCO2 was used as solvent in the present study. Supercritical CO2 is
well known to be a good solvent formost lowmolarmass non-polar and some polar
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molecules (i.e. our monomers and initiator) (34), but it is a poor solvent for most
high molar mass polymers under mild conditions (21). With a good understanding
of the monomer reactivity in the copolymerization in scCO2, subsequent efforts
were devoted to the synthesis of QD-PEVA nanofilms using scCO2.

Figure 4. Copolymer composition versus feed composition for different reaction
temperature and pressure conditions in scCO2. (Reproduced with permission

from reference (32). Copyright 2009 American Chemical Society.)

Synthesis of QD-PEVA Nanofilms

There were three steps involved for the synthesis of QD-PEVA nanofilms,
including synthesis of QDs, ligand exchange of QDs, and incorporation of
functionalized QDs into PEVA matrix.

Synthesis of Quantum Dots (QDs)

Core-shell QDs (CdS-ZnS) were synthesized by pyrolysis of the
single-molecular precursor bis(diethyldithiocarbamato) cadmium (II) and zinc
diethyldithiocarbamate, as described earlier in Scheme 1. Figure 5 displays
the TEM images of both the synthesized core-shell CdS-ZnS and “bare” CdS
QDs, where nanoparticles are clearly observed. HRTEM was also used for the
characterization of both the core-shell CdS-ZnS and CdS QDs (26). It was found
that both the “bare” and core-shell QDs presented nanocrystal structure, with
a clear difference between the two types of QDs. The nanocrystal structure of
the CdS QDs appears to be more uniform and regular than that of the CdS-ZnS
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Figure 5. TEM images of the synthesized QDs. (a) CdS-ZnS QDs, (b) CdS QDs.
(The experimental conditions are: for CdS-ZnS core-shell QDs, 180 °C, 5 min

for core growth; for CdS QDs, 235 °C, 30 min).

QDs. The d-spacing of the CdS QDs was measured to be approximately 4.5 Å
while the CdS-ZnS QDs have a d-spacing value of approximately 3.5 Å (26). The
slight “bending” of the lattice fringes of some CdS-ZnS QDs suggests that strain
exists in the core-shell structure, as also observed by Bawendi and coworkers for
CdSe-ZnS QDs (35).

Ligand Exchange of QDs

In order to chemically link the QDs to the polymer chains, the surrounding
alkyl group of the QDs has to be modified. MPTMO was chosen for the ligand
exchange of the synthesized QDs as it has the required functionality with a thiol
head that can coordinate with zinc or cadmium to stabilize the QDs, while the
methoxysilane tail can be used for subsequent reaction to attach the QDs to the
polymer chains (see Scheme 2).

To examine if the ligand exchange proceeded successfully, the QDs before
and after ligand exchange were characterized by several techniques including
EDX elemental analysis, HRTEM, FTIR, and solubility testing. As an example,
the FTIR spectra of the CdS-ZnS QDs before and after the ligand exchange were
collected and displayed in Figure 6. From the spectra, the dominant peaks from
the TOA alkyl groups observed at 2954 (vasCH3), 2923(vasCH2), 2871(vsCH3),
2853(vsCH2), 1466(δsCH2 & δasCH3), and 723 cm-1 (ρCH2) disappear after
the ligand exchange, while new peaks are formed from the ligand exchange at
2926(vasCH2 & vasCH3), 2842(vsCH2 & vsCH3), 1191(ρCH3), 1087(vasSi-O-C),
and 813 cm-1(vsSi-O-C) (36). This FTIR data shows clearly that ligand exchange
occurred.
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Figure 6. FTIR spectra of the CdS-ZnS QDs before and after ligand exchange.
(Reproduced with permission from reference (26). Copyright 2009 American

Chemical Society.)

Figure 7. Commercial PEVA sample treated to scCO2 P=27.6 MPa, T=40 °C for
10 min.

Synthesis of QD-PEVA Nanofilms

By modification of the QDs to give a Si-O-CH3 functional group, the
new ligand can be utilized for linking the QDs to the PEVA polymer matrix
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Figure 8. Photoluminescence emission spectra of CdS-ZnS QD-PEVA nanofilms
prepared in different reaction conditions (under 27.6MPa in scCO2. (a) 50°C 2
hours without TOP; (b) 50°C 2 hours with TOP; (c) 50°C 20 hours with TOP;
(d) 80°C 2 hours with TOP). (Reproduced with permission from reference (26).

Copyright 2009 American Chemical Society.)

using scCO2, which acts as both a reaction medium and drying agent for the
sol-gel chemistry. As described previously, the in situ FTIR measurements show
that the polymerization and the hydrolysis/condensation reactions proceeded
simultaneously, which was also found to occur with the functionalized QDs. In
order to both stabilize the QDs during the process of synthesizing the QD-PEVA
nanofilms and maintaining a low crosslink density during synthesis, a small
amount of the ligand MPTMO was added to the QD solution before the synthesis
of nanofilms. A one-pot method including polymerization and hydrolysis was
tested but did not give high molecular weight polymer with resulting poor
performance attributed to the high chain transfer capability of the thiol group
in the ligand MPTMO. Hence, a two-step method was subsequently developed
for the synthesis including: (1) terpolymerization of ethylene, vinyl acetate, and
VTMO, and (2) hydrolysis of the ligand and VTMO in the terpolymer chains with
HAc (see Scheme 3). ScCO2 was used as the reaction medium for both steps as
it can effectively swell and plasticize the amorphous region of polymer to help
incorporate nanoparticles into the polymer matrix (37), along with facilitating
both the polymerization and sol-gel chemistry steps (38). To illustrate the effect
of scCO2 on commercial PEVA beads, Figure 7 shows these beads both before
and after treatment of scCO2, illulstrating that mild treatment significantly swells
this polymer, facilitating nanoparticle penetration.
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Figure 9. TEM images of (a) functionalized CdS-ZnS QDs, and CdS-ZnS
QD-PEVA nanofilms prepared in different reaction conditions (under 27.6MPa
in scCO2 with TOP). (b) 50°C 2 hours; (c) 50°C 20 hours; (d) 80°C 2 hours.
(Reproduced with permission from reference (26). Copyright 2009 American

Chemical Society.)

After 2 hours hydrolysis at 50 °C under 27.6 MPa in scCO2, the synthesized
CdS-ZnS QD-PEVA nanofilms stabilized by MPTMO with/without TOP retained
the characteristic emission peak of the CdS-ZnS QDs at ca. 620 nm (see Figure
8a and 8b). Extra TOP was added to examine if it would help to stabilize the QDs
from agglomerating in the PEVA matrix. The absorbance maximum is slightly
increased when adding extra TOP, while the peak position is not changed. In order
to examine the effect of reaction temperature and time on the optical properties
of PEVA nanofilms, the hydrolysis was also carried out at (1) 50 °C for 20 hours
and (2) 80 °C for 2 hours. The resulting photoluminescence emission spectra are
displayed in Figure 8c and 8d which show that the characteristic peak of the QDs
was still maintained in these synthesized PEVA nanofilms. However, the emission
intensity decreased significantly with both the extended reaction time from 2 to
20 hours at 50 °C and the increased reaction temperature from 50 to 80 °C for
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2 hours. All the three film samples were examined by TGA up to 700 °C and
found to contain 0.6~1.4 wt% QDs/SiO2. The decrease in emission intensity was
attributed to a change in the microstructures, as evidenced by TEM and STEM.
By incorporation of the functionalized CdS-ZnS QDs of less than 10 nm (Figure
9a) into the PEVA matrix at 50 °C for 2 hours, QDs/SiO2 particles of 100~200 nm
(Figure 9b) were formed and well dispersed. When the reaction time was extended
from 2 to 20 hours at the same temperature of 50 °C, a network of particles was
formed (Figure 9c) while increased reaction temperature from 50 to 80 °C for the
same reaction time of 2 hours resulted in larger particle size of ca. 500 nm (Figure
9d).

To examine the stability of the synthesized QD-PEVA nanofilms, these
samples were then exposed to light irradiation using a solar simulator. Figure 10
compares the UV-Vis and photoluminescence spectra of the sample hydrolyzed
at 50 °C for 2 hours before and after light irradiation. After being irradiated at
3 W/cm2 for 5 hours, the sample showed weakened absorbance and enhanced
emission intensity, accompanied by a blue shift of ca. 35 nm in the emission peak.
These phenomena were also previously observed and reported in the literature
(39, 40). The reason for these changes may be due to the formation of smoother
surfaces of QDs induced by the photooxidation and photocorrosion process (41).
Further irradiation at the same intensity for another 5 hours did not result in a
significant change in the absorbance, a wavelength shift in the emission peak, or
an increase in the emission intensity, as shown in Figure 10b.

Figure 10. UV-Vis (left) and photoluminescence emission (right) spectra of
CdS-ZnS QD-PEVA nanofilm prepared at 50 °C under 27.6 MPa for 2 hours with
TOP (a) before irradiation; (b) after 5 hours irradiation at 3 W/cm2; (c) after
further irradiation at 3 W/cm2 for another 5 hours. (Reproduced with permission

from reference (26). Copyright 2009 American Chemical Society.)
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Figure 11. UV-Vis spectra of PEVA and PEVA nanofilms. (a) PEVA; (b) CdS
QD-PEVA without TOP; (c) CdS QD-PEVA with OP; (d) CdS-ZnS QD-PEVA
with TOP. (Reproduced with permission from reference (26). Copyright 2009

American Chemical Society.)

Figure 11 compares the UV-Vis absorption spectra of a series of synthesized
PEVA films both with and without incorporation of QDs of both CdS and
CdS-ZnS. It is obvious that these synthesized nanofilms by incorporating QDs
demonstrate much stronger absorbance in the low wavelength region than the
PEVA film. Along with the characteristic emission properties, these results imply
potential applications of the QD-polymer nanocomposites in UV protection
films and light-selective films for applications in window coatings, solar cells,
greenhouses, etc.

Conclusions

By incorporating QDs into a PEVA matrix, light-selective QD-PEVA
nanofilms were produced that have the ability for energy conversion. CdS and
CdS-ZnS core-shell QDs were synthesized by using single-molecular precursors
and functionalized via ligand exchange with MPTMO which enabled chemical
bonding to chemically link the QDs to te PEVA chains. Stabilization of the QDs
to the polymer matrix was found to be extremely important for the successful
synthesis of light-selective QD-polymer nanofilms. Using an excessive amount of
ligands and controlling a low crosslink density can effectively stabilize the QDs.
The synthesized QD-PEVA nanofilms showed excellent optical properties of
selective absorbance and emission. With this technique, QD-polymer nanofilms
with various optical properties can be synthesized by tuning the band gap of the
QDs.
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Chapter 11

Proton Exchange Membrane Nanocomposites

Michael A. Hickner*

Department of Materials Science and Engineering, The Pennsylvania State
University, University Park, PA 16802

*mah49@mail.psu.edu

Organic-inorganic nanocomposite proton conducting
membranes have been an important thrust in the search for
novel materials that outperform the state-of-the-art all-polymer
membranes in fuel cells. Nanocomposite proton exchange
membranes may provide routes to increased conductivity at low
relative humidity, decreased methanol permeability without
a conductivity penalty, enhanced mechanical properties, and
long-term durability. A variety of nanocomposite architectures
have been explored for fuel cell membranes including polymers
of varying chemical compositions including Nafion, inert
polymer supports, inorganic additives that serve as desiccants,
proton conducting inorganic additives, and additives that are
primarily designed to impeded methanol transport. This review
highlights recent advances in the understanding of the unique
properties of nanocomposite proton exchange membranes and
how the coupling between the organic and inorganic phases can
enhance the properties a nanocomposite material for targeted
application in fuel cells. Original data is also presented in terms
of understanding how inorganic phases influence the binding
of water within the polymer and thus the transport properties of
the nanocomposite.

Introduction and Review

Fuel cells are environmentally friendly and efficient electrochemical energy
conversion devices and are sought as enabling components of next-generation
energy technology. While large markets may exist in automotive and portable

© 2010 American Chemical Society
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power for microelectronics, fuel cells are making inroads today in applications
such as indoor forklifts, backup power for buildings and telecommunications
sites, auxiliary power units for larger vehicles, and home cogeneration. As fuel
cells become useful over a wide range of environments, new materials are sought
that enable high performance outside of traditional operating windows, increase
efficiency of chemical to electrical conversion, prolong lifetime of the devices,
and cost less.

The proton exchange membrane, which serves as the supporting component
for the electrodes, separates the reactant gases, and conducts protons from
anode to cathode, is one of the critical components of the fuel cell. The proton
conductivity and other transport properties of the membrane have a direct
influence on the performance of the fuel cell and the physical and chemical
durability of the membrane is a chief concern in the overall longevity of the
device. Researchers seek to optimize the critical properties of the membrane
including water transport, mechanical properties such as modulus and creep
resistance, and reactant permeability, e.g. methanol permeability or hydrogen
crossover, to affect the appropriate balance of properties for a specific application.

Organic-inorganic nanocomposite membrane architectures can impact all of
the critical properties mentioned above and the multicomponent nature of the
nanocomposites are desirable because both the organic and inorganic phases
can be optimized to achieve the desired mix of properties. There are various
approaches to forming proton conducting nanocomposite membranes as outlined
in Table I. One approach, discussed here briefly, is to use an inert polymer binder
and a functional inorganic phase. Another, more common, approach is to rely
mostly on the polymeric phase for conductivity, while employing an inorganic
phase that does not contribute greatly to ion conduction, but has other desirable
attributes of mechanical reinforcement and the lowering of reactant permeability.
These types of composites are typified by Nafion-metal oxide nanocomposites
and will be discussed at length here. Finally, successful examples of employing
both a functional polymer and a functional inorganic phase that each participate
in the conduction of protons have been demonstrated in a variety of formats.
These types of functional nanocomposites where each phase contributes desirable
transport properties are some of the best-performing examples of proton exchange
membranes incorporating both organic and inorganic components, but there
is still much room for optimization and improvement of these materials and
the nature of the coupling between the organic and inorganic phases is not yet
well understood. This chapter will review the state-of-the-art materials that
yield high performance proton exchange membranes and discuss fundamental
understanding of their properties. Data will also be presented on the water binding
and diffusion in two different types of organic-inorganic nanocomposites based
on sulfonated poly(sulfone) that contains heteropolyacid or zirconium hydrogen
phosphate. These two types of nanocomposites provide an interesting contrast in
understanding how the state of water influences the transport properties in these
types of materials.

156

D
ow

nl
oa

de
d 

by
 U

N
IV

 O
F 

G
U

E
L

PH
 L

IB
R

A
R

Y
 o

n 
Ju

ne
 2

2,
 2

01
2 

| h
ttp

://
pu

bs
.a

cs
.o

rg
 

 P
ub

lic
at

io
n 

D
at

e 
(W

eb
):

 M
ar

ch
 1

1,
 2

01
0 

| d
oi

: 1
0.

10
21

/b
k-

20
10

-1
03

4.
ch

01
1

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 



Table I. Types of Proton Exchange Membrane Nanocomposites

Example Advantages Disadvantages Prospects

Inert
polymer/
functional
inorganic

PVDF w/
heteropolyacid

Low water
swelling,
water-free
conduction in
the inorganic
phase

Difficult to
couple polymer
and inorganic
phases

One route
to high
temperature
membranes
based on
conduction in
the inorganic
phase

Inert
polymer/
functional
polymer

Porous PTFE
w/ sulfonated
polymer

Highly
processable, can
promote strong
organic/organic
coupling,
possible to go
to high ion
high exchange
capacity

Most examples
still based
on sulfonated
polymers

Current
commercial
materials, e.g.
Gore

Func-
tional
poly-
mer/inert
filler

Sulfonated
polymer w/
silica

Easy to
fabricate, good
mechanical
properties,
low methanol
permeability,
many literature
examples

Conductivity
can be depressed
compare to
pure sulfonated
polymer

Possible
applications in
direct methanol
fuel cells

Func-
tional
polymer/
functional
filler

Sulfonated
polymer w/
sulfonated
silica

Synergistic
conductivity
enhancement
between
functional
phases

Functional
inorganic phase
may be water
soluble

Ideal
nanocomposites
for high
conductivity
in low water
environment

Multiple studies have shown it difficult to achieve high performance proton
exchange membranes with a polymeric phase that does not contribute to water
uptake or conductivity (1, 2). Both zeolite-laden polymer membranes and
phosphotungstic acid incorporated at high loading in an inert matrix achieved
conductivities on the order of 10-2 - 10-3 S cm-1, which is still too low compared to
the benchmark of 10-1 S cm-1 for a high performance proton exchange membrane.
Additionally, membranes with a high loading of inorganic phase can suffer from
brittleness and problems with low open circuit voltage due to pinholes. Despite
these challenges, some recent progress has been made in the basic properties of
membranes that use an inert supporting polymer and a functional inorganic phase.
Herring et al. (3) employed Keggin, Wells–Dawson and elongated Wells–Dawson
heteropolyacid structures to good effect in working fuel cells as pressed pellets
and in thin membranes with poly(vinylidenefluoride-hexafluoropropylene) inert
binder. This rational comparison of solid acid pellets versus polymer-supported
membranes demonstrated that high limiting current densities, greater than 1 A
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cm-2, could be achieved with inorganic functional phases in proton conducting
fuel cells. However, the water generated in the oxygen reduction reaction at
these high currents tended to degrade the membrane due to the dissolution
of the heteropolyacid from the membrane. Improvements were made to the
heteropolyacid concept by tethering a lacunary heteropolyacid to a vinyl monomer
for incorporation into a copolymer (4). A membrane with 75 wt % lacunary
heteropolyacid exhibited reasonable fuel cell performance over multiple days
with 75% RH gas feeds demonstrating that robust tethering of the inorganic to the
polymer was achieved. While these tethered systems show interesting properties
at high relative humidity, their performance at low humidity is yet to be optimized.

There are significant advantages to employing functional inorganic particles
in an inert polymer matrix, such as high mechanical strength and solid-state
proton conduction, but serious problems still exist with membranes that are
composed of high fractions of inorganic material. Often, these materials
contain significant defects and thus have low open circuit voltages in fuel cells.
Additionally, some inorganic materials require moderate amounts of water to
achieve desirable conductivity. The bulk of the research on proton exchange
membrane nanocomposites has been conducted with Nafion as the organic matrix
and a metal oxide filler (most often silica or titania). Nafion is a natural choice for
the polymeric phase since it is the archetypical proton conducting polymer and is
widely available in a variety of membrane, pellet, and dispersion forms. Silica
and titania are attractive inorganic components to be incorporated into Nafion
due to their ease of synthesis by a variety of methods and their well-studied
properties in pure form. These types of composites can be prepared by forming
the inorganic phase in-situ in a preformed membrane or by solution casing of a
precurso sol and a Nafion polymer dispersion and subsequently completing the
metal oxide condensation and Nafion annealing as the membrane is dried and
heated. The most outstanding properties of Nafion-metal oxide composites are
their increase in mechanical properties (5) and decrease in methanol permeability
(6) and many examples of these type of composites have found use as proton
exchange membranes in direct methanol fuel cells.

Bocarsly, et al., (7) explored a range of nanocomposites incorporating SiO2,
TiO2, Al2O3, and ZrO2 into a Nafion matrix. While these authors confirmed that
the Nafion-metal oxide composites had similar or lower conductivity than the
pure Nafion polymer due to the inert nature of the inorganic phase towards proton
conductivity, they hypothesized that the increase in mechanical properties of the
nanocomposites was caused by an increase in the glass transition temperature
of the polymer upon addition of the inorganic phase. This increase in the glass
transition temperature of the nanocomposite would allow the material to perform
at higher temperatures where the phase-separated structure of the membrane,
which is responsible for proton conductivity, could persist beyond where the
pure polymer membrane loses its conductivity, presumably by an order-disorder
transition of the ionic phase. The authors hypothesized three different sites
for interaction between the metal oxide and the polymer which could lead to
the higher glass transition temperature: a hydrogen-bonding site where M-OH
exists on the surface of the inorganic phase, a ligation site for coordination
of an unsaturated metal bond to sulfonate on the polymer, and nonspecific

158

D
ow

nl
oa

de
d 

by
 U

N
IV

 O
F 

G
U

E
L

PH
 L

IB
R

A
R

Y
 o

n 
Ju

ne
 2

2,
 2

01
2 

| h
ttp

://
pu

bs
.a

cs
.o

rg
 

 P
ub

lic
at

io
n 

D
at

e 
(W

eb
):

 M
ar

ch
 1

1,
 2

01
0 

| d
oi

: 1
0.

10
21

/b
k-

20
10

-1
03

4.
ch

01
1

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 



physisorption involving van der Waals interactions between the polymer chain
and the metal oxide surface. Using dehydration and thermal decomposition
analysis, the authors support that the strongest interactions are between the metal
oxide and the sulfonate moieties on the polymer. Improved water retention at
elevated temperatures of Nafion-silicon oxide nanocomposite membranes with
an excess of hydroxide and ethoxide functional groups on the silicon oxide phase
was shown to increase membrane performance in fuel cell testing up to 130 - 140
°C (8). The moderate desiccating effect of the inorganic phase and its mechanical
reinforcement of the polymeric phase, and by extension the proton conducting
domains, renders these types of materials useful for applications where water
retention at high temperature and robust mechanical properties are important.
The durability of the membranes in a fuel cell device can be enhanced by the
mechanical strengthening of the nanocomposite (9).

Polymer-metal oxide nanocomposites have also shown utility as proton
exchange membranes for direct methanol fuel cells. Both Nafion (10) and
sulfonated poly(aromatic) membranes (11) have been employed for liquid-fed
fuel cells. It has been shown that generally the inorganic phase lowers the
methanol permeability of the membrane without a large impact on conductivity.
This lowering of the permeability, in turn, increases the electrochemical
selectivity of the membrane for proton conduction over methanol permeation
and thus gives an indication that the nanocomposite membranes may perform
as well or better than Nafion in the device. The increased performance in the
nanocomposites with higher electrochemical selectivity as compared to Nafion is
often realized for well-designed membrane electrode assemblies. The decrease in
methanol permeability in these types of composites is reasonable due to simple
blockage of the methanol molecules by an excluding phase. Through tuning
of the nanocomposite composition, researchers have found conditions where
the decrease in methanol permeability does not accompany a correspondingly
large decrease in proton conductivity, but the fundamental origins of why
the electrochemical selectivity changes how it can be tuned precisely are still
unknown. Physically impeding methanol transport has been attempted using
exfoliated clays and other particles with high aspect ratios, very often with
plate-like geometries like layered double hydroxides (12) or montmorillonite (13).
These high aspect ratio particles can further decrease the methanol permeability
as compared to randomly formed inorganic phases, but their extended structures
can also begin to cut off the proton conducting pathways.

To increase the conductivity contribution of the inorganic component
in Nafion-based nanocomposites, sulfonated variants of metal oxides, clays,
and other minority component phases have been employed as the inorganic
phase in proton exchange membrane nanocomposites. Sulfonated silica
(14), sulfonated titania (15), sulfonated poly(phenylsilsesquioxane) (16), and
sulfonated montmorillonite (17) improve the conductivity of nanocomposite
proton exchange membranes by increasing the ion exchange capacity of the
material. The additional ions in the membrane imparted by the inorganic,
therefore, tend to give higher conductivity. The trade-off between conductivity
and methanol permeability in these sulfonated systems is less understood than
in cases where the inorganic phase does not participate in conductivity. There
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have been various mechanisms proposed for how the organic and inorganic
phases function together to conduct protons, but there is still fundamental insight
that needs to be developed and better experimental probes of the role of each
component should be sought.

Giuver, et al. (14) observed a decrease in water uptake of a sulfonated
poly(phthalazinone ether ketone) upon the addition of silica functionalized
with sulfonated glycidyl phenyl ether. The decreased water uptake lowered
the methanol permeability of the nanocomposite. These authors observed
more bound water in the membrane by calorimetry due to the increase of the
hydrogen bonding interactions with the water and additional sulfonate groups.
Also, thermogravimetric stability studies of the nanocomposites lead the authors
to propose sulfonate/sulfonate interactions between the organic and inorganic
phases, which lead to greater stability of the material. The proper balance of
the volume fraction of the organic and inorganic phases is important to give the
maximum coupling between the two components and to prevent aggregation of
the inorganic phase.

Another functional inorganic phase that has shown significant promise in
sulfonated polymers are heteropolyacids (18–20). Solid acid compounds are
potentially attractive as a high conductivity, solid-state electrolyte. On their own,
solid acids are brittle materials and fabricating thin membranes from them is
difficult. Inert polymeric binders have been used to facilitate membrane formation
as described above, however, the largest benefits of incorporating heteropolyacids
into proton exchange membrane nanocomposites have resulted from making
use of sulfonated polymers as a majority phase. To combat the solubility of the
heteropolyacids, silica and clay supports have been used to stabilize water-soluble
additives and many examples of robust membranes have been reported. The
conductivity mechanism and synergism between the heteropolyacid and polymer
phases is still under intense study. Both heteropolyacids and sulfonated inorganic
additives have strong hydrogen bonding sites and/or free protons as shown in
Figure 1. Silica and other metal oxides with hydroxyl surface groups do provide
some interaction with water, and these additives act as a desiccant especially
at high temperature, but the exchange of the silanol or similar groups with the
surrounding aqueous media is limited compared to other chemical moieties with
strongly acidic protons. Interactions between sulfonate groups on a functional
polymer and heteropolyacids or other sulfonated inorganic additives provides
additional sites for strong hydrogen bonding and/or fast exchange of protons,
which serves to increase the proton conductivity of the nanocomposite.

Alberti (21) has pioneered research into proton conducting composites based
on inorganic layered zirconium hydrogen phosphate compounds and proton
conducting polymers such as sulfonated poly(etheretherketone). The class of
compounds known as zirconium sulfoarylphosphonates are themselves proton
conductors as the previously mentioned heteropolyacids. However, there is
one major difference; the heteropolyacids are water soluble and the zirconium
systems are not. This may afford some additional stability advantage for the latter
composites because the leaching of the inorganic from the copolymermay not be as
severe as with some heteropolyacid composites. Alberti et al. (22) have extended
this research to incorporating titanium phosphate sulfophenylphosphonate
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Figure 1. Interactions between different organic-inorganic moieties in proton
exchange membrane nanocomposites

into Nafion membranes. Titanium phosphate sulfophenylphosphonate was
investigated because it has shown the greatest conductivity of the layered metal
sulfonates. Composite membranes showed good conductivity up to 20 wt
% filler, where the membranes started to become heterogeneous and brittle.
This indicates poor coordination between the inorganic and organic phases.
Nafion is very difficult to blend with fillers because it is so sensitive to solvent
and thermal processing. Other types of proton conducting polymers such as
sulfonated poly(arylene ethers) could prove to be more advantageous in this type
of composite.

Most research dealing with organic/inorganic composites has focused on
characterizing the proton exchange membrane properties that are important to
fuel cell performance, namely protonic conductivity and methanol permeability.
Insufficient information has been presented on the other transport properties of
these composite membranes, e.g. electro-osmotic drag, and little data has been
presented to justify the mechanism of how these inorganic compounds influence
the transport within a proton exchange membrane. The aim of this work is to
provide a framework for how the transport properties of a composite proton
exchange membrane with either phosphotungstic acid (18) or zirconium hydrogen
phosphate (22) differs from a pure sulfonated copolymer.
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Figure 2. Water uptake and conductivity of BPSH 40-based
nanocomposites with phosphotunstic acid or zirconium hydrogen phosphate

inorganic phases.

Experimental

Materials

All reagents were purchased from commercial sources and used without
further purification. Directly copolymerized sulfonated poly(arylene ether
sulfone) based on biphenol (BPSH) was synthesized as described previously
(23). BPSH/phosphotungstic acid composite membranes were cast from
acid form copolymer. Once the acid form copolymer was dissolved in
N,N’-dimethylacetamide (5% wt./vol.) to form a clear solution, the desired
amount of phosphotungstic acid was added to the polymer/DMAc solution and
the solution allowed to stir for another 24 h. The casting and reacidification
conversion procedure to ensure the acid form of the polymer was obtained
remained as previously reported (18).

BPSH/zirconium hydrogen phosphate membranes were prepared from an
already cast and converted acid form BPSH membrane using an optimized
procedure from the literature (24). To form the zirconium hydrogen phosphate
composite, the acid form BPSH membrane was immersed in boiling water for 1
h, then immediately transferred to an 80°C zirconyl chloride (ZrOCl2) solution of
desired ZrOCl2 concentration. The ZrOCl2 solutions were prepared by diluting a
stock ZrOCl2 solution (30 % ZrOCl2 in HCl from Aldrich) with DI water. The
concentration of ZrOCl2 determined the final zirconium hydrogen phosphate
content of the composite. The membranes were removed from the ZrOCl2
solution after 6 h, quickly rinsed with DI H2O to remove any surface ZrOCl2, then
immersed in 1.5 M phosphoric acid (H3PO4) (a large excess for reaction with the
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ZrOCl2) for 24 h at room temperature. The H3PO4 diffused into the membrane and
reacted with the ZrOCl2 imbibed in the membrane to form zirconium hydrogen
phosphate, Zr(HPO4)2 (and its associated waters of hydration), according to:

After immersion for 24 h in 1.5 M H3PO4, the membranes were then rinsed
well with DI water and boiled in DI water for 2 h to remove any residual reactants.
The composite membranes were then re-acidified according to the method above
to ensure full conversion to the acid form. All membranes were stored in DI water
for at least 1 week before testing.

Characterization

The water uptake, conductivity, and methanol permeability were measured as
previously described (25, 26). Electro-osmotic drag was measured in a fuel cell
configuration where the water flux from anode to cathode was monitored. The
water flux was then corrected for the cell current and the electro-osmotic drag
was computed (27). Pulsed-field gradient NMR measurements were performed
using a stimulated-echo pulsed-field gradient sequence on fully hydrated
membranes as detailed in Ref. (28). Fuel cell membrane electrode assemblies
were fabricated using LANL-standard procedures for thin-film DMFC electrodes
(29). Electrochemical selectivity was determined using the framework proposed
in Ref. (30).

Results and Discussion

All membrane nanocomposites in this work were transparent, ductile films
(31). The transparency of the materials, without any signs of cloudiness or drastic
change in color after nanocomposite formation as compared to the pure polymers,
was a good indication that the additives were incorporated into the film on a
nanometer scale. Additionally, for the nanocomposites with 30 wt % and lower
inorganic phase, robust mechanical properties were observed which signals, along
with the transparency, that there was high dispersion of the inorganic material.
The water uptake and conductivity of representative nanocomposite samples are
shown in Figure 2.

The presence of the phosphotungstic acid (PTA) filler enhanced conductivity
and decreased water uptake when solution blended and cast with BPSH 40.
The presence of zirconium phosphate (ZrP) formed in-situ in a cast BPSH
40 membrane did not affect water uptake greatly, but decreased the observed
conductivity somewhat.

Themethanol permeability of the nanocomposites as a function of temperature
is shown in Figure 3.
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Figure 3. Methanol permeability of proton exchange membrane nanocomposites
as a function of temperature; BPSH 35, BPSH 35 w/30 wt % PTA,

BPSH 35 w/30 wt % ZrP.

Figure 4. Electro-osmotic drag coefficients of the nanocomposites as a function
of temperature; BPSH 40 w/30 wt % PTA, BPSH 40 w/22 wt% ZrP.

Similar to conductivity, the presence of phosphotunstic acid increased the
transport of methanol across the membrane compared to the pure membrane, while
the zirconium phosphate filler decreased methanol transport. This trend for both
conductivity andmethanol permeability is interesting in light of thewater uptake of
the materials. Generally, a lower water uptake for a given family of materials leads
to decreased transport. However incorporation of phosphotunstic acid lowered the
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Figure 5. Effective water self-diffusion coefficients in nanocomposite membranes
with BPSH 35 as the base membrane. Nafion Deff = 7.5x10-10 m2 s-1, liquid water

Deff = 2.3x10-9 m2 s-1.

bulk water uptake, but the phosphotunstic acid increased the observed transport
properties, both in the case of proton conductivity and methanol permeability.
On the other hand, zirconium hydrogen phosphate shows a more expected trend
of decreased transport and slightly lower water uptake. The heteropolyacid and
zirconium phosphate are functioning differently in this case, which is likely due to
the functionality of the heteropolyacid as described in the opening section of this
chapter.

Electro-osmotic drag experiments showed similar trends in the ordering of
transport properties where the phosphotungstic acid composite had increased
electro-osmotic transport as compared to the zirconium phosphate nanocomposite
– see Figure 4.

It is striking to see the connections between conductivity, methanol
permeability, and electro-osmotic drag across the range of nanocomposite
materials. It is the usual case that the methanol permeability and electro-osmotic
drag coefficients for many membranes scale with the bulk water uptake within a
single class of polymers. Additionally, polymers with a larger fraction of loosely
bound water as determined by their chemical composition and morphology tend
to have higher transport properties for a given water uptake than membranes with
more tightly bound water. For instance, Nafion has high conductivity, methanol
permeability, and electro-osmotic drag, while a poly(aromatic membrane)
with similar water uptake shows lower conductivity, permeability, and water
transport (32). The overriding factor in the difference between these two types
of membranes is that the water within Nafion is less tightly associated with the
polymer, e.g. a higher water self-diffusion coefficient and calorimetric signature,
and therefore the more rapid dynamics of water lead to higher transport rates. By
monitoring the water binding and diffusion within a membrane, one may obtain
an accurate picture of what the resulting transport properties of that material.
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Figure 6. Direct methanol polarization curves for Nafion (heavy line), BPSH 50
w/33 % ZrP , BPSH 30 w/30 % PTA , and BPSH 30 . Conditions were
80 °C cell temperature, 1 mL min-1 0.5 M CH3OH flow on anode, 200 std. mL

min.-1 air flow on cathode with dew point of 80 °C.

Figure 7. Relative selectivity of BPSH membranes compared to BPSH 30
w/30 % PTA , BPSH 40 w/22 wt % ZrP and BPSH 50 w/33 wt % ZrP .

To probe the fundamental effect of nanocomposite fillers, the water diffusion
in the membranes was measured using pulsed-field gradient nuclear magnetic
resonance, Figure 5. The effective self-diffusion coefficient of water (Deff)
within the membrane structure serves as an important indicator of the mobility
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of transported species (ion, methanol, water) within the hydrated domains of the
polymer membrane.

The figure shows that as ZrP is incorporated into the membrane, the water
self-diffusion coefficient decreases, a signal that both the conductivity and
methanol permeability may decrease in the resulting membranes. For PTA
incorporation, the water self-diffusion coefficient increases, which will tend
to promote an increase in the proton conductivity, methanol permeability,
and electro-osmotic drag coefficient. By measuring the water-self diffusion
coefficients in the nanocomposites, their resulting transport properties can be
understood by considering the interactions of the material with water.

The changes in material properties with different nanocomposite fillers are
caused by a change in the water binding within the membrane induced by the
interaction of the filler with the polymer and the absorbed water. It was shown
previously that phosphotungstic acid has specific interactions with BPSH as
observed with FTIR (18). These interactions, in addition to phosphotungstic acid’s
native acidity, are most likely responsible for the enhanced fraction of loosely
bound water and thus greater transport in these membranes. Zirconium phosphate,
because it was formed in-situ in a cast membrane, acts as a physical barrier
in the transport pathways within the membrane and due to its non-functional
nature in terms of proton transport. The knowledge of the chemical and physical
interactions of the inorganic phase within the polymer membrane and the
connections of the water binding to the transport properties observed across a
range of nanocomposite materials can be used to design new materials which
break the traditional tradeoffs of proton, water, and small molecule transport.

The direct methanol fuel cell performance of a few examples of BPSH
nanocomposites is shown in Figure 6. All of the nanocomposites show higher
open circuit voltages than Nafion 117, which is indicative of their lower methanol
permeability. The performance of the BPSH 30 w/30 wt % PTA nanocomposite
membrane is much less than the pure BPSH 30 sample. As described above,
adding PTA to the membrane increases the loosely bound water content and thus
increases its methanol permeability, which causes a drop in performance under
methanol fuel cell conditions. When a BPSH 50 w/33 wt % ZrP nanocomposite
was tested, its performance was comparable to that of Nafion, even though BPSH
50 in its native form is a highly swelling polymer. The methanol fuel cell results
show that high swelling membranes can still be useful in direct methanol fuel cells
when employed in a nanocomposite that decreases the methanol permeability of
the membrane.

The relative selectivity of proton conductivity to methanol permeability as
compared to Nafion (RS=1) for various BPSH membranes and BPSH-based
nanocomposites is shown in Figure 7. The figure shows that the relative selectivity
of BPSH 30 is drastically decreased when PTA is added to the membrane,
which supports the observed decline in fuel cell performance. Given the decline
in selectivity, the methanol permeability of the membrane was increased in
larger proportion as compared to the proton conductivity. Adding zirconium
phosphate to BPSH 40 or BPSH 50 had somewhat opposite effects on the
relative selectivity of the polymer. BPSH 40 has a reasonable relative selectivity
of about 2.1 - 2.3. Adding ZrP decreases both its methanol permeability and
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conductivity, but because the methanol permeability is already rather low, the
conductivity decreases to a greater extent than the permeability, and therefore
the nanocomposite has lower relative selectivity. For the more conductive and
permeable BPSH 50 membrane, adding zirconium phosphate increased the
relative selectivity by decreasing methanol permeability and not impacting proton
conductivity to a large extent, thus raising the selectivity somewhat. Therefore,
taking into account the data in Figure 7, the positive or negative effects of
nanocomposite fillers can depend on the exact balance of properties and the water
swelling of the base polymer.

Conclusions

Nanocomposite proton exchange membranes enable unique functionality
and may provide a route to properties that are not accessible with pure polymer
membranes. Inorganic nanocomposite fillers can enhance proton conductivity,
increase mechanical properties, and impede reactant transport. Silica and titania
fillers have been employed to good effect to increase the mechanical integrity
of proton exchange membranes, but so far these types of fillers have not proven
extremely useful for enhancing conductivity. Heteropolyacids are recognized
as some of the most promising additives for enhancing the proton conductivity
of nanocomposite membranes, but there are still barriers to creating robust
membranes from these water-soluble additives. Sulfonated metal oxides and
other sulfonated insoluble fillers that greatly enhance the ion exchange capacity
of the membrane, yet do not cause drastic increases in water swelling and are
thus a promising route to organic/inorganic nanocomposites where both phases
contribute to the ion transport of the membrane. Other types of proton exchange
membrane nanocomposites have been demonstrated with self-humidifying
functionality (33) and degradation tolerace (34) and the field remains open for
creating materials with properties that are not accessible using only polymers.

Nanocomposites of sulfonated poly(sulfone) and phosphotungstic acid
or zirconium phosphate were investigated for their transport properties and
interactions with water. Phophotungstic acid fillers tended to enhance transport
as opposed to zirconium phosphate. The difference in water binding properties as
measured using pulsed-field gradient nuclear magnetic resonance were shown to
account for the transport properties in each case. The idea of the absorbed water
behavior in the membrane controlling the transport phenomena gives researchers
a frame of reference in the design of new membranes with specific properties.
Through the use of nanocomposites, both the physical pathways for transport
through the membrane and the water-material interactions can be modified, which
will facilitate new materials with novel properties were the proton, water, and
reactant transport can be decoupled.
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Chapter 12

Nanohybrid Nafion Membranes for Fuel Cells

Antonios Kelarakis, Rafael Herrera Alonso, Huiqin Lian,
Engin Burgaz, Luiz Estevez, and Emmanuel P. Giannelis*

Materials Science and Engineering, Cornell University, Ithaca, NY 14853
*epg2@cornell.edu

We review strategies to produce Nafion nanohybrid membranes
with improved properties based on functionalized silica and
clay nanoparticles. Two distinct approaches are presented here:
a) the use of H+-exchanged clay platelets to act as physical
barriers to methanol diffusion, while having high levels of
ionic mobility and b) the application of depletion forces to
construct a compact microstructure based on the assembly of
clay platelets. Both classes of hybrids exhibit significantly
improved selectivity (ratio of ionic conductivity over methanol
permeability) and dramatically enhanced thermomechanical
properties. Those characteristics are highly desirable for fuel
cell applications and strongly depend on the morphological
features of the membranes.

Introduction

Sustainability is widely recognized as a right and an obligation of modern
societies. Mayor environmental concerns coupled with a projected decline
of fossil fuel sources point to the realization that global energy policies and
practices should respond to the growing demand for alternative sustainable
energy sources. In this respect, polymer electrolyte membrane (PEM) fuel cells
and direct methanol fuel cells (DMFCs) are considered viable energy generators
for a number of portable and stationary applications, where both high power
efficiency and light weight are required at a minimal environmental cost (1–4).
DMFCs offer several advantages over hydrogen-fed fuel cells: higher energy
density per unit volume, existing infrastructure for fuel management, and the
ability to produce methanol from biomass or natural gas (5–7). Prototypes of

© 2010 American Chemical Society
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several electronic devices that rely exclusively on DMFCs sources have been
demonstrated by a number of companies, while an increasing amount of effort is
directed towards further research and development of DMFCs.

An integral part of a fuel cell is the electrolyte, that ideally must be stable
towards oxidation, reduction, hydrolysis and other degradation mechanisms over
a broad temperature and humidity range, while maintaining high levels of ionic
conductivity, low levels of parasitic energy losses and almost zero electronic
conductivity.

However, the development of polymer electrolytes membranes (PEM)
that endures the aggressive fuel cell environment for a long period of time
remains a critical challenge for advancing fuel cell technology. It is generally
recognized that a number of issues must be overcome before DMFCs become a
competing alternative to internal combustions engines and meet the standards of
commercialization. One major drawback in DMFCs is the low oxidation kinetics
of methanol at temperatures below 100°C, which leads to lower efficiency (8, 9).
Increasing the device operation temperature would increase the electro-oxidation
kinetics and improve the performance of DMFCs. Nevertheless, even the
state-of-the-art electrolytes can only operate in a narrow temperature window,
showing a loss of performance at elevated temperatures due to softening of the
polymeric backbone as well as decreased conductivity due to dehydration (10,
11). The second major drawback in conventional DMFC membranes is the high
methanol crossover, which leads to depolarization of the cathode and conversion
losses (12, 13).

Fuel cells based on perfluorosulfonic acid (PFSA) polymer membranes
are currently the workhorse of the industry and serve as the benchmark for
future development (14–16). PFSA polymers have a Teflon-like molecular
backbone with perfluoroether side chains bearing sulfonic acid terminal
groups. This molecular design imparts morphological stability and excellent
long-term durability in both oxidative and reductive environments, rarely seen
in other macromolecules (3). The combination of an extremely hydrophobic
perfluorinated backbone with the extremely hydrophilic sulfonic acid functional
groups gives rise to nanometer scale hydrophobic/hydrophilic domains (17). The
interconnectivity between the ionic clusters facilitates the transportation of ions
and polar molecules.

To date different approaches have been used to improve the performance
of polymer membranes used in DMFCs. These approaches can be classified
into two main strategies: 1) synthetic routes to produce polymers with modified
chemical structure such as alternative sulfonate polymers (e.g. sulfonated
polyaromatics and polyheterocyclic) or acid-base polymers (e.g. phosphoric
acid-doped polybenzimidazole (PBI)) (18, 19) and 2) design and preparation
of hybrid materials based on existing polyelectrolytes, mainly by embedding
nanoparticles to the polymeric matrix.

In this chapter we focus mainly on Nafion/nanohybrid membranes based
on silicate nanoparticles (20, 21). The swelling and hydration efficacy of clays
largely depends on their cation-exchange capacity, which typically falls within
the range 0.65 to 1.50 meq/g (22).When fully hydrated, clay particles posses high
proton conductivity (0.6×10-2 S/cm) (23). The water is strongly adsorbed and
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can only be fully removed at temperatures in excess of 130 °C. Moreover, it is
now well established that clay based polymer nanocomposites exhibit enhanced
barrier properties due to the presence of impermeable, high aspect ratio inorganic
particles (24). At the same time, pronounced structural changes in the polymer
can be induced by clay platelets (25, 26). A number of papers describe the
synthesis and characterization of Nafion membranes based on sulfonated (27–32),
fluoro-modified (33, 34) conventional organo-modified (35–37) or native clays
(37). Other approaches for synthesizing Nafion-clay hybrids have also been
explored (38, 39).

We review here recent work in our group to produce nanohybrids membranes
(40, 41). Our goal is not to present a complete literature review in the topic. We
refer interested readers to a number of recent reports that provide a comprehensive
synopsis of the substantial body of work published in this field (7, 16, 18, 42).
We emphasize, however, that a comparison between different performance
characteristics reported in the literature is not always straightforward. Significant
variations in processing protocols, membrane activation treatments, various
device and techniques used to evaluate macroscopic properties can lead to
pronounced discrepancies, making a meaningful comparison challenging.
Nevertheless, careful consideration of the work reported can identify promising
approaches and lead to the design of a new generation of fuel cells with improved
performance.

Morphology and Structural Characteristics of Nanohybrids

1. Dispersion Medium and Casting Process

The crystallinity of Nafion and the state of dispersion of nanoclays critically
depend on the processing protocol followed for the preparation of hybrid
materials. By optimizing the dispersion medium and the overall processing
conditions, we were able to synthesize homogenous and mechanically robust
free-standing membranes. Very poor dispersion of clay was obtained for
membranes casted from high-boiling solvents, otherwise widely used for neat
Nafion membranes, such as dimethylformamide (DMF), n-methylformamide
(NMF), dimethyl sulfoxide (Me2SO) (43). In fact, in those Nafion-solvent
combinations the nanoparticles were clearly seen to phase separate and flocculate.
Casting from water-alcohol mixtures also resulted in insufficient clay dispersion
and was not considered further.

In contrast, homogeneous and well-dispersed Nafion nanohybrid membranes
were prepared by casting at elevated temperatures (>160 °C) under pressure
(15 psi) using aqueous precursor solutions. Casting at lower temperature leads
to significantly lower crystallinity that has an adverse effect on the mechanical
properties of the membranes. When the cast temperature is higher than the α
relaxation of Nafion, there is sufficient mobility to allow for refolding of the
polymer chain to crystallize (44). The morphological characteristics of the
nanohybrid membranes are presented in the following sections. Unless otherwise
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stated, membranes were cast at T > 160 °C at 15 psi for 6h followed by acid
post-treatment. In all cases studied here, deconvolution of the diffraction peaks of
Nafion into a crystalline and an amorphous component indicates that the insertion
of nanoparticles does not affect the crystallinity of Nafion.

2. MMT-H+/Nafion Membranes

Prior to mixing with Nafion, the counterions of pristine sodium
montmorillonite (MMT-Na+) were replaced by H+, through a facile ion exchange
procedure, with the goal of minimizing any adverse effects on ionic conductivity
induced by the clay particles. MMT-H+/Nafion membranes were obtained from
water dispersions cast at 180 °C, 15 psi for 6h.

The featureless X-RayDiffraction (XRD) patterns at low scattering vectors (q)
suggest that the structural registry of clay tactoids is destroyed in the nanohybrids.
We note that the picture emerging from XRD patterns is essentially the mosaic of
various local dispersion levels, while TEM imaging can provide crucial insights
about the organization of clay platelets in a more localized scale. A representative
Transmission Electron Microscopy (TEM) image shown in Figure 1 confirms an
intercalated/exfoliated structure for 10wt% MMT-H+/Nafion hybrid.

Interpretation of the scattering peaks at lower q values remains a subject of
open debate (45). In this respect, numerous models have been proposed following
the early approach of a spheroidal cluster-channel suggested from Gierke (46).
Alternative approaches have recently emerged in literature that depict Nafion
as a percolated network of bundles of elongated polymeric aggregates (47) or
as a network of parallel ionic nanochannels inside cylindrical inverted micelles
stabilized by the rigid polymeric backbone (48). Regardless of the exact nature
of morphological features adopted from the several models proposed for Nafion,
the recognition of two characteristic scattering maxima in the Small Angle X-ray
Scattering (SAXS) region is unambiguous.

First the characteristic ionomer peak at ca. q=1-2 nm-1 has been attributed to
ionic clustering due to polar-non polar separation. Second, the matrix knee peak at
ca. q= 0.4-0.5 nm-1 has been originally assigned to the interlamelar long spacing
in the crystalline region of the polymer, although recent investigations suggest that
the repeat is orthogonal to the polymer chain axis (48, 49). In addition, a sharp
upturn of the scattering curve at very low q values (q<1 nm-1) has been related to
higher-order electron density fluctuations (47, 50, 51).

SAXS data on fully hydrated membranes were collected in two orthogonal
directions; the normal plane, parallel to the membrane surface and the transverse
plane which is orthogonal to themembrane surface (Figure 2). Both SAXS profiles
of pure Nafion are essentially isotropic, showing two distinct rings centered at
ca. q=1.31 nm-1 (d= 4.8 nm) and ca. q=0.4 nm-1 for the ionomer and the matrix
knee, respectively. In contrast, the SAXS profiles of the transverse plane for
the nanohybrid membranes are clearly anisotropic, indicating that the bundles of
polymeric aggregates tend to align parallel to the membrane surface, while they
are uniformly distributed along the thickness of the membrane. At the same time,
the orientation of the polymeric lamella peak is orthogonal to that from the ionic
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Figure 1. TEM images of cross-sections of 10wt% MMT-H+/Nafion membrane.
(Reproduced with permission from reference (40). Copyright 2009 Elsevier Ltd.)

domains in agreement with previous reports for moderately stretched pure Nafion
(47). This observation further supports the conclusion that the matrix knee peak
primarily arises from a repeat that is perpendicular to the polymer chain axis (48,
49). The ionomer peak and the matrix knee peak are displaced to higher q values
with increasing clay loading due to the suppression of the ionic domains and the
fragmentation of the lamellar superstructure induced by MMT-H+.

It has been observed in a number of systems (52, 53) that clay platelets tend
to align parallel to the membrane surface, under certain conditions. Presumably,
this preferential orientation originates from gravitational forces experienced by
the platy nanoparticles while remaining well dispersed in a low viscosity medium.
The aligned arrays of stiff platelets effectively template, in turn, the organization
of the polymer. A schematic representation of the organization of polymeric
bundles is shown in Figure 3a and 3b for plain Nafion and nanohybrid membranes
respectively. Note the short-range order of polymeric aggregates in pure Nafion,
as opposed to the long-range order in nanohybrid membranes.

Anisotropic Nafion membranes have been prepared before by applying
electrical field (54) or uniaxial deformation (55, 56). In our system, the alignment
of the polymeric bundles in the MMT-H+/Nafion nanohybrid membranes has
been produced in the absence of any external field and it is solely induced by the
2-D nature of the nanoparticles.

3. Functionalized Silica/Nafion Membranes (HS30SIT/Nafion and
TEOS:SIT/Nafion)

Two types of Nafion hybrid membranes based on functionalized silicon
dioxide (SiO2) have been cast from water suspensions at 180 °C, 15 psi for 6h, to
allow a close comparison between different nanoparticles (57). In the first case
(denoted hereafter as HS30SIT/Nafion), SiO2 spheres with a diameter of ca. 12
nm were surface modified by 3-(trihydroxysilyl)-1-propanesulfonic acid (PSA)
followed by replacement of sodium counter ions by H+, so that the resultant
nanoparticles were densely covered by sulfonic acid groups (-SO3H). The ion
exchange capacity of the modified SiO2 nanoparticles was 1.46 meq/g.

175

D
ow

nl
oa

de
d 

by
 C

O
R

N
E

L
L

 U
N

IV
 o

n 
Ju

ne
 2

2,
 2

01
2 

| h
ttp

://
pu

bs
.a

cs
.o

rg
 

 P
ub

lic
at

io
n 

D
at

e 
(W

eb
):

 M
ar

ch
 1

1,
 2

01
0 

| d
oi

: 1
0.

10
21

/b
k-

20
10

-1
03

4.
ch

01
2

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 



Figure 2. SAXS patterns of pure Nafion and a 10wt% MMT-H+/Nafion
nanocomposite obtained in two orthogonal directions: normal plane (surface
parallel to the membrane surface) and transverse plane (cross-section of the
membrane). (Reproduced with permission from reference (40). Copyright 2009

Elsevier Ltd.)

Besides HS30SIT/Nafion membranes, another class of hybrid materials
containing silica particles was also synthesized in-situ by a sol-gel reaction
following a procedure described previously by Adjemian et al. (58). A 1:2 mixture
of tetraethoxysilane (TEOS) and PSA was allowed to react with water, before
being blended with aqueous Nafion dispersions to give Nafion-silica hybrids,
abbreviated here as TEOS:SIT/Nafion. During casting, water is evaporated, thus
promoting further polymerization and cross-linking between hydrolyzed TEOS
and PSA. The ion exchange capacity of these networks exceeds 2 meq/g.

TEM images of 7wt% HS30SIT/Nafion and 16wt% TEOS:SIT/Nafion
nanohybrid membranes suggest that the nanoparticles are uniformly distributed
within the matrix. Additionally for both classes of nanohybrid membranes, the
SAXS patterns of normal and transverse planes were isotropic.

4. Nafion/Clay Hybrids with a Network Structure

An alternative approach was developed to produce hybrid membranes
with a unique microstructure by exploiting phase separation based on depletion
aggregation. Application of depletion interactions to induce phase separation
has raised a substantial interest in experiments (59, 60), theory (61, 62), and
simulations (63, 64) over the last decades.

Addition of a non-adsorbing polymer to a colloidal suspension induces
interparticle depletion attractions, whose range and depth can be tuned
independently by altering either the polymer’s molecular weight or concentration
(65, 66). Such attractive interactions arise due to osmotic pressure differences
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Figure 3. Schematic representation of bundles consisting of locally ordered
polymeric elongated aggregates (adopted from reference (50)) (top). Schematic
of MMT-H+/Nafion membrane morphology: bundles of polymeric aggregates
oriented parallel to the membrane surface (bottom). (Reproduced with

permission from reference (40). Copyright 2009 Elsevier Ltd.)

surrounding the particles and can lead to particle clustering and, in some cases,
formation of a percolated network of particles, which eventually leads to gelation.

Nafion possesses charges of the same sign as the clay surface, therefore it can
serve the role of the non-absorbed, non-interacting polymer when added in a clay
suspension (here MMT-Na+ in water). The phase diagram of MMT-Na+/Nafion
in water is shown in Figure 4. Sol/gel boundaries were detected by tube
inversion, a simple method that is sensitive to yield stress of the sample. The
dividing line separates samples that form a gel (immobile) from those that remain
either in suspension (homogenous, mobile) or flocculate and phase separate
(inhomogeneous). Clay suspensions even in the absence of a polymer are known
to form a gel primarily through edge-to-face interactions. As Figure 4 suggests
gelation at lower clay concentrations can be induced in the presence of Nafion.

Addition of Nafion leads to either flocculation as the laminated face-to-face
aggregates grow in size or gelation, promoted by several edge-to-face interactions
(Figure 5).

Figure 6a presents a cryo-TEM image of 23wt% MMT-Na+/Nafion gel
before any drying. Thin face-to-face aggregates composed only of a few layers
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Figure 4. Phase diagram for the MMT-Na+/Nafion system in water. Filled
symbols represent gel samples (immobile). Samples that have not led to a gel
(sols) are shown with non-filled symbols. (Reproduced with permission from

reference (41). Copyright 2009 Elsevier Ltd.)

Figure 5. Schematic representing clay-polymer systems: face-to-face aggregation
(top) and edge-to-face aggregation (bottom). (Reproduced with permission from

reference (41). Copyright 2009 Elsevier Ltd.)

are connected with each other into a network structure via several edge-to-face
interactions.

A series of composite membranes (abbreviated as MMT-Na+/Nafion(dep))
was prepared by casting hybrid gels at 160°C and 160 psi for 6 h. During casting
(at conditions far away from supercritical drying) surface tension forces can cause
serious defects to the network microstructure. This can be confirmed by the TEM
micrograph of the 23wt% hybrid membrane shown in Figure 6b. Clearly, more
face-to-face aggregation is present at the expense of edge-to-face aggregates seen
in the gels.
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Figure 6. Cryo-TEM of MMT-Na+/Nafion hybrids; a) before any drying (top)
and b) after drying (bottom). (Reproduced with permission from reference (41).

Copyright 2009 Elsevier Ltd.)

Performance Characteristics of Hybrid Membranes

1. Mechanical Properties

The Dynamic mechanical analysis (DMA) traces of Nafion and twoMMT-H+

hybrid membranes are shown in Figure 7a. Pure Nafion shows a high-temperature
α transition at around 125°C, while the β transition falls outside the temperature
window considered here. The α relaxation of the nanocomposites shifts to higher
temperatures with clay loading. For the 20 wt%MMT-H+/Nafion nanohybrid the a
transition takes place at 215 °C and it appears much suppressed compared to pure
Nafion. At the same time, the hybrids show significant enhancements in terms
of storage modulus. The nanocomposite containing 20wt% clay shows a 6 times
increase at low temperatures and orders of magnitude above ~ 100 °C.

The DMA plots of hybrid MMT-Na+/Nafion(dep) membranes before acid
treatment are shown in Figure 7b. Although pure Nafion shows a single relaxation,
the hybrid membranes show two distinct relaxations. The first one is rather weak
and it varies within the range 75 to 120 °C depending on the clay concentration,
while the second relaxation is dominant and takes place around 230 °C for all
hybrids.
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Figure 7. Storage modulus as a function of temperature of MMT-H+/Nafion
hybrids (top) and MMT-Na+/Nafion(dep) (bottom). (Reproduced with permission

from references (40) and (41). Copyright 2009 Elsevier Ltd.)

Figure 8. Relative methanol permeability for Nafion nanohybrid membranes.
(Data from references (40) and (41)).
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Figure 9. Ionic conductivity as a function of relative humidity of Nafion
nanohybrids membranes. (Data from references (40, 57)).

Given that the Na+-exchanged Nafion shows a distinct α (ca. 240 °C) and
weak β (ca. 150°C) relaxation (67) a partial ion exchange reaction between the
polymer protons and the clay counter ions can contribute to the enhanced dynamics
of hybrid membranes. However, even in the acid treated membranes (where Na+
was essentially eliminated) the a relaxation occurs at 160°C, e.g much higher than
that observed for pure Nafion. In addition to the temperature shift, the hybrids
show dramatic increases in modulus (Figure 7b).

For example, the sample containing 23wt% clay shows at room temperature
a storage modulus about 10 times that of Nafion and several orders of magnitude
higher at elevated temperatures.

The overall DMA analysis reveals that both types of clay/Nafion hybrid
membranes are much stiffer and can withstand higher temperatures compared
to pure Nafion. Both of these characteristics are highly desirable for use in fuel
cell applications. A higher modulus might allow the use of a thinner membrane
circumventing problems associated with the membrane resistance. Additionally,
the mechanical strength at high temperature enables application requiring
temperatures in excess of 100 °C. The profound displacement and suppression
of α-relaxation observed for all hybrids can be directly related to the molecular
confinement in the vicinity of polymer-clay interface that drastically hinders the
polymer chain motions.

2. Transport Properties

a. Methanol Permeability

As mentioned in the introduction methanol permeability through the
electrolyte membrane is a critical performance parameter of a DMFC. Methanol
permeability was measured using a two-compartment cell. Permeability values
were normalized to the value for pure Nafion (P0= 6.08×10-6 cm2/s).
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Figure 10. Apparent selectivity of various Nafion nanohybrid membranes. (Data
from references (40) and (41)).

A pronounced decrease of methanol permeability was observed for 5-10wt%
MMT-H+/Nafion nanohybrid membranes as shown in Figure 8.

Methanol permeability was also found to decrease, albeit to a lesser extend in
both classes of silica/Nafion membranes. For the MMT-Na+/Nafion membranes
containing 14wt% and 23wt% clay, the relative permeability was approximately
0.5 and 0.3, respectively. Higher amounts of functionalized silica particles are
required in order to achieve a substantial decrease in permeability compared to
those based on clay.

b. Ionic Conductivity

Enhanced ionic conductivity is a crucial requirement for PEM fuel cells.
In our work, ionic conductivity was measured at room temperature in a closed
vessel under a controlled relative humidity (RH) environment. The resistance
and ultimately the conductivity (σ) of the membrane was measured by alternating
current (AC) impedance spectroscopy, using a two-point probe. We note that,
in the specific configuration employed here, the conductivity measured is a
combination of both normal (through-plane) and transverse (in plane) direction
and thus we cannot rule out any anisotropy for the conductivity of nanocomposites.

The ionic conductivity of pure Nafion is compared with 10wt% MMT-H+/
Nafion nanohybrid at various RH in Figure 9.

The hybrid membrane follows a similar trend to the pure Nafion; the
conductivity increases with increasing RH. At the same time, the differences in
conductivity between Nafion and the hybrid membranes becomes progressively
larger at low RH. This deviation can be attributed to the much lower intrinsic ionic
conductivity of clay nanoparticles compared to Nafion. On the other hand, at
fully hydrated conditions Nafion and MMT-H+ exhibit comparable conductivity
(ca. 0.08 S/cm and 0.01 S/cm, respectively). Very similar trends were observed
for MMT-Na+/Nafion(dep) membranes.
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The ionic conductivity of 16wt% TEOS:SIT/Nafion membranes as a function
of RH is also shown in Figure 9. We note that this membrane has not been subject
to acid treatment that typically yields higher conductivity values. Nevertheless,
it is remarkable that it exhibits consistently higher ionic conductivity even when
compared to acid activated pure Nafion membranes.

c. Selectivity

The selectivity term (κ) is defined as the ratio of ionic conductivity tomethanol
permeability of the membrane and is widely used as a criterion to evaluate the
performance of DMFCs. Conventionally, the selectivity of Nafion is set to one.
In this work, we favor the term apparent selectivity, to account for the highly
anisotropic nature of the MMT-H+/Nafion membranes. It must be clarified that
selectivity values presented below have been derived for RH=100%.

Figure 10 shows the apparent selectivity parameters for 10wt% MMT-H+/
Nafion, 16wt% TEOS:SIT/Nafion, 7wt% HS30SIT/Nafion and two MMT-Na+/
Nafion(dep) membranes.

Clearly, all hybrids considered here exhibit a better apparent selectivity
compared to pure Nafion. The highest apparent selectivity was obtained for
10wt% MMT-H+/Nafion, mainly due to its lowest methanol permeability and
its relatively high conductivity when fully hydrated. Significantly, 16wt%
TEOS:SIT/Nafion also exhibit enhanced selectivity followed by the 23wt%
MMT-Na+/Nafion(dep) membrane. For the clay based hybrids, the decrease of
ionic conductivity is more than compensated by the large suppression of methanol
permeability. That coupled with improved mechanical mechanical strength makes
clay-Nafion nanohybrids very attractive for DMFC applications.
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Chapter 13

Degradation Mitigation in PEM Fuel Cells
Using Metal Nanoparticle and Metal Oxide

Additives

Panagiotis Trogadas,1 Javier Parrondo,2 and Vijay Ramani*,1

1Department of Chemical and Biological Engineering, Illinois Institute of
Technology, Chicago, IL 60616

2Facultad de Ciencia y Technologia, University of the Basque Country,
Leioa, Spain 48940
*ramani@iit.edu

The efficacy of added metal oxides and metal nanoparticles
in mitigating free radical induced polymer electrolyte
membrane (PEM) degradation was investigated. Freestanding
and silica supported platinum, palladium, silver and gold
nanoparticles, cerium oxide and manganese oxide supports,
and ceria supported platinum nanoparticles were prepared.
The nanoparticles were characterized by TEM and XRD
to determine the particle and crystallite size. Their radical
scavenging tendency was estimated by UV-vis spectroscopy
using a model free radical (DPPH) as a test species. Composite
membranes were prepared by adding 3 wt% of the freestanding
or supported metal nanoparticles to Nafion®, followed by
solvent casting. The fluoride emission rate (FER) was
ascertained for each membrane from accelerated tests. The
addition of Au, Pd, Pt and Ag nanoparticles led to lowering of
FER by an order of magnitude, 75%, 60% and 35% respectively
while the addition of MnO2, CeO2 and Pt on CeO2 nanoparticles
resulted in an order of magnitude FER reduction, indicating
effective radical scavenging by the nanoparticles. Hence, the
addition of metal nanoparticles and metal oxides with radical
scavenging abilities is a promising route to mitigate PEM
degradation.

© 2010 American Chemical Society
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Introduction

Membrane degradation is one of the most important factors limiting the
lifetime of polymer electrolyte fuel cells (PEFCs) (1–10). Membrane degradation
in a PEFC occurs via a multistep mechanism. The two major steps are: (i)
formation of reactive oxygen radicals by reaction of hydrogen peroxide (generated
in situ) with trace metal ions in the membrane electrode assembly (MEA) (11),
and (ii) attack of weak links in the polymer backbone or side-chains by the
radicals. Hydroxyl radicals (·OH) have been identified as the highly aggressive
oxidative species responsible for the propagation of chemical degradation of
perfluorosulfonic acid membranes (2–4, 11–15). Mechanisms by which radicals
attack the polymer have been proposed by various researchers (11, 16, 17). For
Nafion®membranes, the commonly proposed mechanism is hydrogen abstraction
from the reactive end groups (such as COOH) in the proton exchange membrane
(PEM), leading to membrane decay (5).

Three approaches can be used to minimize the effect of reactive oxygen
species in a fuel cell: (i) the use of free radical scavengers in the electrolyte
(17, 18); (ii) the use of dispersed peroxide decomposition catalysts within the
electrolyte (19); and (iii) the use of dispersed peroxide decomposition catalysts
in the electrodes (20–23). The first approach was used in our previous work
(18) using CeO2 nanoparticles as the free radical scavenger. We showed that
the incorporation of these nanoparticles within a recast Nafion® membrane led
to lowering the fluoride emission rate (obtained from degradation accelerated
tests) by more than 1 order of magnitude, suggesting that CeO2 nanoparticles
have tremendous potential to greatly enhance membrane durability. In this
study, we investigate the efficacy of metal nanoparticle based free radical
scavengers, namely, platinum, palladium, gold and silver nanoparticles, in a
PEFC environment.

There are previous reports about the incorporation of metal nanoparticles or
metal oxides within a polymer electrolyte membrane (PEM) (24–26). Watanabe
and coworkers (24–26) proposed new PEMs (Pt-PEM, TiO2-PEM, Pt-TiO2-PEM)
with highly dispersed nanometer-size Pt and/or metal oxides. The Pt particles
were expected to inhibit the crossover by the catalytic recombination of crossover
H2 and O2. The hygroscopic oxide particles were expected to adsorb the water
produced at Pt particles together with that produced as reaction product at the
cathode and to release the water under low humidity conditions. The PEFCs with
these new PEMs demonstrated the superior performances and suppression of the
crossover even under non-humidified condition. It has been reported that the
incorporation of hydrophilic metal oxide particles such as SiO2, TiO2, ZrO2, Al2O3
(27–37) within PEM leads to an enhancement of the water retention properties
and resulting proton conductivities of PEMs under high temperature operating
conditions. However, the excessive incorporation of these nonconductive
inorganic compounds in PEM results in a decrease of proton conductivity (29,
35–37). To minimize the loss of proton conductivity caused by the addition of
the inorganic compound, sulfonated groups are often grafted onto the surfaces of
these inorganic compounds (38–41).
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Several reports are available regarding the antioxidant function of
metal nanoparticles (42–46). Esumi and coworkers (43) demonstrated that
gold-chitosan nanocomposites had a hydroxyl radical elimination activity that
was 80 times higher than that of ascorbic acid, which is a known antioxidant
(47). The same research group (44) prepared gold-dendrimer nanocomposites
in the presence of poly(amidoamine) (PAMAM) dendrimer. The catalytic
activities of these nanocomposites for hydroxyl radical scavenging was 85
times higher than that of ascorbic acid and was found to be independent of
dendrimer concentration. Endo and coworkers (46) investigated the catalytic
activity of gold-platinum, gold-palladium and platinum-palladium dendrimer
nanocomposites for scavenging 1,1-diphenyl-2-picrylhydrazyl (DPPH) radicals.
The bimetallic-dendrimer nanocomposites exhibited higher catalytic activity
for the scavenging reaction of DPPH radicals than that of monometallic
nanocomposites.

Additionally, cerium and manganese ions have been reported to be highly
effective mitigants of polymer membrane chemical degradation (17). Ce3+ and
Mn2+ undergo redox reactions with hydroxyl radical (·OH) to produce H2O and
the corresponding oxidized cation (Ce4+ and Mn3+). The greater effectiveness of
Ce3+ relative toMn2+ is tied to its faster rate of reaction with hydroxyl radicals. The
oxidized cations must be reduced in order to capture additional hydroxyl radicals.
Both Ce4+ andMn3+ are reported to oxidize H2O2 to oxygen (17, 48–50) since both
are very strong oxidizing agents with high reduction potentials of 1.72 and 1.54 V
(vs NHE).

The present study is aimed at examining and potentially applying the free
radical scavenging properties of selected metal nanoparticles (Au, Ag, Pt and Pd)
to mitigate free radical induced PEM degradation. Nafion® is used as a model
PEM and the fluoride emission rate (FER) is used as the primary metric to monitor
PEM degradation. In an attempt to minimize the potential of electrical shorting
of the membrane, silica (SiO2) has been used to support the metal nanoparticles.
Moreover, the effect of ceria (CeO2) particle size on its scavenging properties was
investigated as ceria nanoparticles with varying particle sizes were incorporated
within the PEM. Ceria supported Pt nanoparticles were also studied. The presence
of platinum (based on the degradation mitigation reaction mechanism) should
enhance the reduction of Ce+4 to Ce+3 ions, increasing the amount of hydroxyl
radical scavengers available on CeO2 surface and hence reducing the amount of
harmful radicals present on composite Nafion® membrane.

Experimental

Reagents

Concentrated ammonia (28% w/w aqueous solution), silver nitrate
(AgNO3), palladium chloride (PdCl2), tetraethoxysilane (99.9%), concentrated
ammonium hydroxide (28% w/w aqueous solution) and trimetylammonium
bromide (CTAB) were purchased from Alfa Aesar. Arabic gum, D-glucose
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(C6H12O6), tetraammineplatinum(II) chloride hydrate (Pt(NH3)4Cl2·xH2O),
sodium citrate (HOC(COONa)(CH2COONa)2·2H2O), chloroauric acid (HAuCl4),
tetraoctylammonium bromide (CH3(CH2)7]4N(Br)) in toluene solution, sodium
borohydride (NaBH4), dodecanethiol (CH3(CH2)11SH), hexachloroplatinic acid
(H2PtCl6), hexamethylenetetramine, cerium nitrate hexahydrate, cerium oxide
nanopowder (CeO2, <25nm) and manganese oxide (MnO2, 10µm) were obtained
from Sigma Aldrich. Ethanol was purchased from Panreac, while hydrochloric
acid (HCl) was obtained from Poch. The precursor solution used for the
fabrication of composite membranes was 5% Nafion® (1100 EW) obtained from
Solution Technologies (Mendenhall, PA).

Preparation of Metal Nanoparticles

Silver nanoparticles were prepared using ammoniacal silver salt solution
(prepared using concentrated ammonia (28% w/w aqueous solution), Arabic
gum as the stabilizing material and D-glucose as the reducing agent (51). Three
different solutions (S1, S2 and S3) were prepared: i) solution S1 consisted of 0.84g
D-glucose and 0.45g Arabic gum diluted in 9mL deionized water; ii) solution
S2 contained 4.725g silver nitrate diluted in 10.4mL deionized water and 6.8mL
concentrated ammonium hydroxide; and iii) solution S3 consisted of 0.2g Arabic
gum diluted in 40mL deionized water. Solution S3 placed in a bath at 80°C under
continuous stirring and solutions S1 and S2 were added with a rate of 0.1mLmin-1
(peristaltic pump). Silver nanoparticles were recovered by treating the resulting
dispersion with 6.5mL NaOH (10 M) at 85°C for 1h. After cooling at room
temperature, the final mixture was centrifuged, washed with deionized water (4
times) and ethanol (1 time) to remove impurities and dried at 70°C overnight.
Silver nanoparticles of approximately 20nm were obtained.

Gold nanoparticles (52) were prepared by mixing hydrogen tetrachloroaurate
(30mL, 30mM) with tetraoctylammonium bromide in toluene solution (80mL,
50mM). The two phase mixture was stirred until the tetrachloroaurate was
transferred into the organic phase, which was collected by a separating funnel.
Sodium borohydride (25mL, 0.4M) and 170mg dodecanethiol were added;
the borohydride reduces tetrachloroaurate to metal state in the organic phase,
while dodecanethiol reacts with surface gold preventing further growth of the
nanoparticles. Gold nanoparticles of approximately 2 nm were obtained.

Platinum nanoparticles were prepared following a modification of gold
nanoparticles preparation method (52) using hexachloroplatinic acid (H2PtCl6)
instead of hydrogen tetrachloroaurate. The complex formed in the organic
phase between the tetrachloroplatinate and the tetraoclylammonium was very
stable and could not be reduced by sodium borohydride. To circumvent this
problem, 1-hexadecyl trimetylammonium bromide (CTAB) was used instead of
tetraoctylammonium bromide to obtain a less stable complex that can be reduced
easily. Platinum nanoparticles of approximately 2 nm were obtained.

Palladium nanoparticles were prepared in a similar manned by using
palladium chloride (PdCl2) dissolved in 0.5M hydrochloric acid (HCl), as
described in the literature (53).
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The loading of metal nanoparticles in the membrane used was 3wt%.

Preparation of Silica Nanoparticles

Silica was prepared by hydrolysis of tetraethoxysilane (99.9%) in ethanol (54,
55). 17mL tetraethoxysilane (99.9%) were diluted in a mixture of 600mL ethanol
absolute, 32mL deionized water and 18mL concentrated ammonium hydroxide
(28%w/w aqueous solution) solutions. After 2 h of stirring, 4mL tetraethoxysilane
(99.9%) were added and hydrolysis was continued overnight at room temperature
under mild stirring. Silica particle size was determined by the amount of water
and ammonia in the medium; silica nanoparticles with a diameter close to 200nm
were obtained (55, 56).

To obtain the silica nanopowder, the final solution was centrifuged at 7000
rpm for 15 min and washed with deionized water (3 times) and ethanol (3 times)
to remove unreacted reagents. The purified product was suspended in ethanol and
dried at 70°C overnight.

Metal Nanoparticles Supported on Silica

Platinum, palladium, silver and gold nanoparticles were deposited over silica
according to the procedure described by Zeng and coworkers (57). To produce
Pt over silica, 1 g silica were dispersed in 300mL deionized water and 170mg
tetraammineplatinum(II) chloride were then added. To reduce the platinum salt,
20mL sodium citrate solution (9gL-1) was added in the mixture. The resulting
suspension was heated at 70°C in a thermostatic bath and stirred overnight to allow
all the metal components to be reduced. The material was centrifuged at 7000rpm
for 15 min, washed with deionized water (5 times) and ethanol (3 times) and dried
at 70°C overnight to obtain the metal over silica nanopowder.

Silver, palladium and gold nanoparticles deposited over silica were fabricated
following the same procedure. Silver nitrate (160mg), palladium chloride (166mg)
and chloroauric acid (220mg) were used as metal sources.

The loading of supported metal nanoparticles in the membrane used was
3wt%.

Preparation of CeO2 Nanoparticles

Ceria nanoparticles were synthesized in-house following a simple
precipitation technique (58). Briefly, 0.07 g/mL (0.5 M) solution of
hexamethylenetetramine (Sigma-Aldrich) and 0.016 g/mL (0.038 M) solution
of cerium nitrate hexahydrate [Ce(NO3)3·6H2O; Sigma-Aldrich] were prepared
and mixed separately for 30 min. The two solutions were mixed for a length of
time (12, 24, 48, 72 and 96 hours) dependent upon the desired particle size and
centrifuged to obtain the ceria particles.
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Pt Nanoparticles Supported on Cerium Oxide

A simple precipitation technique was employed for the synthesis of Pt on
CeO2 particles. Different amounts (5, 10 and 20ml) of hexachloroplatinic acid
were added in 0.2 grams of CeO2 and the mixture was stirred until dried at room
temperature. The dried samples were heated at 400°C for 2 hours (59) and then
washed with DI water. Samples with 0.5%, 1% and 4%wt Pt on CeO2 were
prepared.

Characterization Techniques

X-ray diffraction [(XRD) Rigaku Miniflex diffractometer] studies were
conducted to confirm the presence of metals on the supported metal nanoparticles
and CeO2 as well as to estimate their crystallite size. Diffractograms were
recorded from 20° to 80° 2θ with a step of 2 min/degree.

Transmission electron microscopy (TEM) was used to determine the particle
size and size distribution of metal and supported metal nanoparticles. The metal
and supported metal nanoparticle dispersions in ethanol were deposited onto
carbon-coated copper grids and dried at room temperature. TEM micrographs
were obtained using a Philips CM200 microscope at an acceleration voltage of
200kV.

Antioxidant Activity of Metal Nanoparticles

The antioxidant properties of metal nanoparticles were determined
by their ability to reduce the concentration of the stable free radical
1,1-diphenyl-2-picrylhydrazyl (DPPH) (60).

0.075 mmol DPPH were dissolved in 200mL ethanol solution and 50mL
acetate buffer (0.1M; pH = 5.5). At the same time, 50mL ethanol solution was
added to 0.2g metal nanoparticles (0.5%w/w) solution in toluene to create a
suspension. Then, 1mL of metal suspension (Au, Pd, Pt or Ag) was added to
2mL DPPH solution in a test tube. The tube was heated to 80°C for 60min in a
thermostatic bath and the reaction procedure was stopped by cooling down the
mixture in an ice bath. When the DPPH radical is scavenged by an antioxidant
and transforms to 1,1-diphenyl-2-picrylhydrazyne (DPPH-H), the color of the
solution turns from purple to yellow. The extent of this change was detected by
the decay in absorbance at 523nm (61).

Fabrication of Composite Nafion® Membranes and MEAs

Composite membrane precursor solutions were prepared by addition of
supported and unsupported metal nanoparticles and metal oxides to 5% Nafion®
(1100 EW), maintaining the loading of additive constant at 3 wt%. Membranes
were prepared by casting the dispersion on a 7.5 cm x 7.5 cm glass plate,
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followed by overnight drying at 60°C for solvent evaporation. The membranes
were then peeled off from the glass plate and the edges were cut and discarded.
Recast Nafion® membranes were prepared for comparison. The membranes
were hot-pressed at 120-130°C and 2.75 MPa for 5 min. Membrane electrode
assemblies (MEAs) were prepared with Pt/C electrocatalyst at the anode and
cathode. The overall loading of platinum on each electrode was estimated
gravimetrically and was maintained at 0.4±0.05 mg-cm-2.

MEA Testing − Performance and Durability

Linear sweep voltammetry was the first experiment performed on each cell
to check for hydrogen crossover and electronic shorting in the MEA. Only cells
demonstrating low hydrogen crossover (1-2 mA·cm-2) and no shorting were
chosen for further testing (these experiments were repeated at the end of the test
cycle to ensure that the membranes remained uncompromised during testing).
The performance of the cell was evaluated for 2 consecutive days by obtaining
polarization curves at a temperature of 80°C and an inlet relative humidity (RH)
of 75% (corresponding to a saturator dew point of 73°C). Air and oxygen were
used as oxidants and hydrogen was used as fuel.

To monitor the PEM degradation rate, the MEAs were tested at open circuit
at 90°C and 30% RH. For these accelerated degradation tests O2 was used as the
oxidant at the cathode and H2 was used as the fuel at the anode. The flow rate
for both gases was 0.2 slpm. The inlet gases were humidified by controlling the
anode and cathode saturator dew points at 60°C. The test was run for 24 h for
each MEA and the anode and cathode exit streams were independently condensed
in cold-traps. The fluoride ion concentrations in the condensate water were
measured using a fluoride ion selective electrode (Denver instruments) that was
freshly calibrated before each measurement. This data, in conjunction with the
condensation rate of water, was used to estimate the fluoride emission rate (FER).

Results and Discussion

X-Ray Diffraction (XRD) Measurements

XRD (Figures 1−3) was used to confirm the presence of metal nanoparticles
on silica support, the presence of CeO2 in the materials synthesized in-house with
varying reaction times as well the presence of Pt particles on CeO2 support and
to obtain a quantitative estimate of their crystallite size. XRD measurements of
pure metal nanoparticles (Ag, Au, Pd and Pt) could not be conducted due to their
limited available quantity.

In Fig. 1, the peaks associated with supported Ag on SiO2 can be seen at
2θ values of 38°, 44°, 64° and 77° representing the (1,1,1), (2,0,0), (2,2,0) and
(3,1,1) Bragg’s reflections of the face center cubic (fcc) structure of silver (62–64).
For the supported Au nanoparticles, the peaks of Au can be seen at 2θ values of
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Figure 1. XRD spectra of supported Ag, Au, Pt and Pd nanoparticles.

38°, 45°, 65° and 78° representing the (1,1,1), (2,0,0), (2,2,0) and (3,1,1) Bragg’s
reflections of the fcc structure of gold (65). Supported Pt and Pd nanoparticles
demonstrated only one very small peak at 2θ values of 22° and 76° validating
the presence of platinum and palladium on the supports (66, 67). Due to the low
nanoparticle loadings on SiO2 and small sample size, XRD data could not produce
sharp peaks for all the metal nanoparticles leading to an inaccurate estimation of
their crystallite size. The Scherrer equation (68) had been employed only for the
calculation of crystallite size of Ag and Au on SiO2 supported nanoparticles. The
average crystallite size was similar for both at 20-25 nm.

Consistent with expectation, the synthesized in-house CeO2 powder was
crystalline (Figure 2) with peaks at 2θ values of 29°, 33°, 48°, 57°, 77° and
79° representing the (1,1,1), (2,0,0), (2,2,0), (3,1,1), (3,3,1) and (4,2,0) Bragg’s
reflections of the face center cubic (fcc) structure of ceria (69–72). The Scherrer
equation (68) had been employed for the calculation of average crystallite size of
the homemade CeO2. The crystallite size of the ceria samples prepared in-house
during 12 and 24 hours exhibited the highest crystallite size (~ 12±1.5 nm) while
the ceria samples reacted for 48, 72 and 96 hours were characterized by lower
crystallite size (~ 10±0.7 nm). The calculated crystallite size was similar for all
different CeO2 samples and further characterization measurements for particle
size determination are in progress.

The peaks associated with supported Pt on CeO2 can be seen at 2θ values
of 46° and 68° representing the (2,0,0) and (2,2,0) Bragg’s reflections of the fcc
structure of platinum (73). CeO2 support was crystalline (Figure 3) with peaks at
2θ values of 29°, 33°, 57°, 59°, 77° and 79° associated to (1,1,1), (2,0,0), (3,1,1),
(2,2,2), (3,3,1) and (4,2,0) Bragg’s reflections of the fcc structure of CeO2 (69–72).
The average crystallite size of commercial CeO2 support was estimated by the
Scherrer equation (68) to be approximately 13±1 nm.
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Figure 2. XRD spectra of commercial and synthesized in-house CeO2
nanoparticles.

Figure 3. XRD spectra of supported Pt on CeO2 particles.
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Figure 4. TEM micrographs of Ag and Au nanoparticles (scale bar 100nm;
20nm).

Figure 5. TEM micrographs of SiO2 support (scale bar 100 nm).

TEM Micrographs

TEM micrographs of Ag and Au nanoparticles, silica support and Au, Pd
supported on silica are shown in Figures 4−6. These figures are representative
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Figure 6. TEM micrograph of Au supported on SiO2 nanoparticles (scale bar
20 nm).

Table I. UV-vis spectra absorbance of metal nanoparticles

Sample Control Pd NPs Ag NPs Pt NPs Au NPs

Absorbance at 523nm after 30
min at 80°C

0.140 0.108 0.135 0.067 0.112

of the metal and supported metal nanoparticles studied. The dimensions of the
support particles were in the range of 100 nm, while metal nanoparticles were
approximately 2 nm. Supported metal nanoparticles exhibited similar particle size
(~ 25nm), which is in reasonable agreement with the crystallite size estimated by
XRD.

Ex-Situ Measurement of Antioxidant Activity of Metal Nanoparticles

The ability of metal nanoparticles to catalyze the decomposition of free
radicals was tested using DPPH as a stable free radical (74, 75).

The starting solution contained 0.2mMDPPH and the UV-vis absorbance data
obtained is shown in Table I. In the presence of Ag nanoparticles, the UV-vis
signal was identical to the baseline signal, indicating that silver had no impact
in lowering the concentration of DPPH free radical. A 20%-25% decrease in
UV-vis absorbance was observed when Au or Pd nanoparticles were immersed
in the solution, although greater decrease was observed for Pt nanoparticles. Pt
nanoparticles demonstrated the highest activity against DPPH radicals as a 50%
decrease in UV-vis absorbance was achieved (Table I). These preliminary results
suggested that Au, Pt and Pd nanoparticles can be used as radical scavengers in
order to increase the durability of polymer membrane.
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Figure 7. Total fluoride emission rates (µmol h-1cm-2) measured for Nafion®
and composite Nafion®-(metal nanoparticles) membrane based MEAs during
accelerated durability testing (Operating conditions: Cell temperature: 90°C;
Saturator temperature: 60°C; RH: 30%; Anode gas: H2; Cathode gas: O2; Flow

rate: 0.2 slpm at anode and cathode; Duration: 24h).

MEA Testing Results – Degradation

To obtain a macroscopic estimate of the PEM degradation rate, fluoride
emission rates (FERs) were obtained for each MEA tested (Ag, Pt, Au, Pd
nanoparticles; Ag, Pt, Au, Pd on SiO2; MnO2, synthesized in-house CeO2 with
varying reaction times and Pt on CeO2). The FERs and total FERs (in µmol/h cm2)
were estimated from the fluoride ion concentration in the anode and cathode
condensate water and the condensation rate of water. Care was taken to ensure
that the ion-selective electrode used to estimate F− concentration was calibrated
prior to each measurement and verified on a standard solution (not used during
calibration) prior to analyzing the desired condensate. Several MEAs of each type
were tested to ensure that the results obtained and trends seen were reproducible.
The total FERs (with accompanying standard errors) are reported in Figures 7,
8, 9 and 10 for the MEAs tested.

The addition of Au nanoparticles resulted in an order of magnitude reduction
in the total FER while the addition of Pd nanoparticles reduced the FER by ~ 75%
- 80% (Figure 7). The addition of Pt nanoparticles resulted in a ~ 60% decrease
of total FER values while Ag nanoparticles, in line with expectations from our
ex-situ studies, yielded a more modest decrease (~35%) in their FER values due
to the lower antioxidant activity of Ag nanoparticles. In addition to antioxidant
activity, one must consider the propensity of the metal nanoparticles and especially
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Figure 8. Total fluoride emission rates (µmol h-1cm-2) measured for Nafion®
and composite Nafion®-(metal nanoparticles supported on SiO2) membrane
based MEAs during accelerated durability testing (Operating conditions: Cell
temperature: 90°C; Saturator temperature: 60°C; RH: 30%; Anode gas: H2;
Cathode gas: O2; Flow rate: 0.2 slpm at anode and cathode; Duration: 24h).

their ions to facilitate the production of free radicals from hydrogen peroxide.
We note that this propensity is largest for silver (76, 77). Additionally, while Pt
and Pd nanoparticles (especially Pt) exhibit higher antioxidant activity than Au
nanoparticles in ex-situ scavenging studies, they dissolve at lower potentials and
concurrently augment the production of hydroxyl radicals (78) thereby resulting
in higher total FER values.

In the case of supported nanoparticles, it is observed (Figure 8) that composite
Nafion®-(Au or Pd on SiO2) PEMs exhibited lower total FER values (~ 40% and
~60% respectively) than recast Nafion®MEAs, while composite Nafion®-(Ag or Pt
on SiO2) membrane basedMEAs had similar total FER values with recast Nafion®
MEAs. The observed increase of the total FER values of the composite PEMs
containing supported metal nanoparticles (in comparison with their unsupported
analogues) can be attributed to the larger particle size of the metal particle and
resultant lowering in activity (79), as well as the lower concentration of metal
nanoparticles in the PEM. Hence, while the silica supported additives can prevent
the possibility of electronic shorting, the extent of degradation mitigation is lower
when compared to unsupported metal nanoparticles.
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Figure 9. Total fluoride emission rates (µmol h-1cm-2) measured for Nafion®,
composite Nafion®-(Pt supported on CeO2) and composite Nafion®-(MnO2)
membrane based MEAs during accelerated durability testing (Operating

conditions: Cell temperature: 90°C; Saturator temperature: 60°C; RH: 30%;
Anode gas: H2; Cathode gas: O2; Flow rate: 0.2 slpm at anode and cathode;

Duration: 24h).

Even so, the case for further optimizing (through particle size control and
enhancement of metal loading on the support) the supported metal nanoparticles
for degradation mitigation is very strong when one considers in detail the issue
of dissolution of unsupported metal nanoparticles in direct contact with the
electrolyte. According to Pourbaix diagrams (80), platinum and gold metals are
oxidized at potentials of approximately 1 V (vs. SHE) and 1.3 V (vs. SHE)
respectively at pH value of 1 which resembles the acidic environment of a
Nafion® membrane. Palladium and silver are oxidized to Pd+2 and Ag+ at much
lower potentials, namely 0.8 V (vs. SHE) and 0.4 V (vs. SHE). As discussed in
the section on proton conductivity, under normal fuel cell operating conditions,
the potential distribution in the thickness dimension of the PEM is close to anode
potential (0 V vs. SHE) for the most of its thickness and rises to the cathode
potential (~ 0.6 - 1 V vs. SHE) in a region close to the cathode (81). At such high
potentials Ag and Pd nanoparticles will be oxidized resulting in an increase in the
concentration of metal ions impurities and hence in an increase on the formation
of hydroxyl radicals as well as lowering of proton conductivity. However even
Pt and Au nanoparticles, despite their relatively higher oxidation potentials at
the electrolyte pH, are not completely safe. It has been documented that during
PEFC start-up, the cell can experience potentials as high 1- 2V vs. SHE at either
electrode (82, 83). Such high potentials would facilitate the oxidation of Pt and
Au in addition to Pd and Ag metal nanoparticles in the vicinity of the electrodes,
potentially resulting in higher PEM degradation rate and instability issues.
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Figure 10. FERs (µmolh-1 cm-2) measured for Nafion® and Nafion®-CeO2 MEAs
during accelerated durability testing. Operating conditions: cell temperature
90°C; saturator temperature 60°C; RH 30%; anode gas H2; cathode gas O2; flow

rate 0.2 slpm at anode and cathode; and duration 24 h.

In the case of metal oxides CeO2 and MnO2, it is observed (Figure 9) that
the addition of various loadings of Pt on CeO2 nanoparticles as well as the
incorporation of MnO2 in Nafion® membranes resulted in an order of magnitude
reduction in the total FER. It can be concluded by comparison with the total FER
results of composite Nafion®-(CeO2) membrane based MEAs that the addition
of Pt on CeO2 support did have a positive impact on the free radical scavenging
ability of CeO2 as a further reduction (approximately 45%-50%) in the total FER
values was achieved, even though it was independent of Pt loading. The presence
of platinum enhances the reduction of Ce+4 to Ce+3 ions increasing the amount
of hydroxyl radical scavengers available on CeO2 surface and thus mitigating
the chemical degradation of Nafion® membrane (17). Additionally, composite
Nafion®-(MnO2) membrane based MEAs exhibited similar FER results with
composite Nafion®-(CeO2) membrane based MEAs indicating that MnO2 is an
effective mitigant of Nafion® membrane chemical degradation. This is consistent
with reports in the patent literature. Work on Pt supported over manganese oxide
is ongoing.

In the case of synthesized in-house ceria with varying reaction times, it is
observed (Figure 10) that the reduction of CeO2 particle size positively affects the
total FER; CeO2 particles obtained after 48, 72 and 96 hours reaction exhibited
30-50% lower FER values than ceria particles reacted for 12 and 24 hours. This
phenomenon is hypothesized to be due to the alternation in the number of oxygen
vacancies (defects) in cerium oxide surface structure. Tsunekawa and co-workers
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(84) reported that as the ceria particle size decreases, the Ce+3/Ce+4 ratio on
ceria surface increases, enhancing its scavenging properties. The FER trend seen
(Figure 10) was consistent with the crystallite size results obtained from XRD
data even though it must be noted that the calculated crystallite sizes were close
together. It is hypothesized that this FER trend is due to the different particle sizes
(and hence Ce+3/Ce+4 ratio) of the CeO2 samples and further (better resolved)
characterization measurements for particle size determination, Ce3+/Ce4+ ratio
estimation and and oxygen vacancy calculations are in progress.

MEA Testing Results – Cell Performance

From the linear sweep voltammograms, the hydrogen crossover current
densities were estimated for each MEA tested. Composite Nafion® and recast
Nafion® membranes exhibited similar crossover current values (~1 mA/cm2).
Only MEAs that demonstrated this low value of hydrogen crossover (and no
internal shorting) were selected for further testing. Furthermore, the linear sweep
voltammograms were repeated after all tests were carried out and the data reported
is drawn from MEAs that did not have any internal shorting, even at the end of
the test sequence (including the accelerated durability test).

Figure 11. Performance for Nafion® and composite Nafion®-(metal
nanoparticles) membrane based MEAs at 80°C and 75% RH using air as oxidant
and hydrogen as fuel (Operating conditions: Saturator temperature: 73°C;
Pressure: 1atm; Anode gas: H2; Cathode gas: Air; Anode stoichiometry: 4;

Cathode stoichiometry: 3).

202

D
ow

nl
oa

de
d 

by
 D

U
K

E
 U

N
IV

 o
n 

Ju
ne

 2
1,

 2
01

2 
| h

ttp
://

pu
bs

.a
cs

.o
rg

 
 P

ub
lic

at
io

n 
D

at
e 

(W
eb

):
 M

ar
ch

 1
1,

 2
01

0 
| d

oi
: 1

0.
10

21
/b

k-
20

10
-1

03
4.

ch
01

3

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 



Polarization curves were obtained with Nafion® and composite Nafion® -
(Au, Pt, Pd, synthesized in-house CeO2 and Pt supported on CeO2 nanoparticles)
membrane based MEAs that exhibited a large decrease of their FER values
compared to Nafion®. All the MEAs had the same electrocatalyst loading and
were tested at 80°C and 75% RH (1 atm. operating pressure), with air and
oxygen as the oxidants and hydrogen as the fuel. Figure 11 demonstrates that
the performance of composite Nafion® - (Au, Pt and Pd nanoparticles as well as
synthesized in-house CeO2 and Pt supported on CeO2 nanoparticles) membrane
based MEAs, when corrected for membrane resistance, were very similar to recast
Nafion® MEAs, suggesting that the additives were stable within the membrane
for the duration of the test.

Conclusions

The effect of incorporating metal nanoparticles and metal oxides into a
Nafion® membrane on PEM conductivity and the macroscopic PEM degradation
rate was studied. Unsupported and silica supported Au, Ag, Pt and Pd
nanoparticles as well asMnO2, CeO2 and Pt supported on CeO2 nanoparticles were
used to prepare composite membranes with a loading of 3% wt. The metal/metal
oxide nanoparticles and supports were characterized by TEM and XRD to
determine their particle and crystallite size. The free radical scavenging properties
of metal nanoparticles were determined ex-situ by UV-vis spectroscopy using a
stable free radical (DPPH). A 20%-25% decrease in the UV-vis absorbance was
observed when Au or Pd nanoparticles were immersed in the solution, although
greater decrease was observed for Pt nanoparticles. Pt nanoparticles demonstrated
the highest activity against DPPH radicals as a 50% decrease in the concentration
of DPPH was achieved. Ag nanoparticles did not demonstrate appreciable
antioxidant activity. MEAs were prepared using Nafion® and composite Nafion®
membranes. The fluoride emission rate (FER) was ascertained for each composite
membrane from multiple accelerated tests. The FER was lowered by an order
of magnitude when Au was used and by 75%-80% when Pd was added to
Nafion®. The addition of Pt nanoparticles resulted in a ~ 60% decrease of FER
values while composite Nafion®-(Ag nanoparticles) membrane based MEAs
demonstrated a more modest decrease (~ 35%) of their FER. The observed trends
were rationalized based on the antioxidant activity that is in competition with
the propensity of the metal to dissolve to form ions and exacerbate hydroxyl
radical production. The supported metal nanoparticles in general yielded lower
FER reduction than their unsupported counterparts due to larger metal particle
size and smaller quantities within the PEM. By comparison with the total FER
results of composite Nafion®-CeO2 membrane based MEAs, it can be concluded
that the addition of Pt on CeO2 support did have a positive impact on the free
radical scavenging ability of CeO2, independent of the Pt loading. Additionally,
the effect of incorporating different ceria particle sizes into a Nafion® membrane
on FER production was examined. The FER trend seen was consistent with
the crystallite size results obtained from XRD data even though the calculated
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crystallite sizes were close to one another. Finally, the use of MnO2 in Nafion®
membranes also resulted in an order of magnitude FER reduction, suggesting that
MnO2 is an effective mitigant of Nafion® membrane chemical degradation. The
performance of composite Nafion® - (Au, Pt, Pd, synthesized in-house CeO2 and
Pt supported on CeO2 nanoparticles) membrane based MEAs were very similar to
recast Nafion®MEAs when corrected for membrane resistance. We conclude that
the addition of metal nanoparticles with antioxidant abilities is a promising route
to mitigate PEM degradation. However we caution that the propensity for metal
nanoparticle oxidation (possibly yielding degradation exacerbating ions) within
the PEM in the vicinity of the electrodes as well as the possibility of electronic
shorting should be kept in mind. These factors are minimized when supported
metal nanoparticles are used (at least in proximity to the electrodes).
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supported on CeO2 particles,
XRD spectra of, 193, 194,
195f

supported on silica, XRD spectra
of, 193, 194f

total FERs with addition of, 198,
198f

Polyethylene, with silane-treated
SiO2 nanoparticles, 14
decreased dielectric

polarizability and permittivity,
14

increased dielectric breakdown
strength, 14

Poly(ethylene-co-vinyl acetate)
nanofilms and QDs synthesis,

146, 148
photoluminescence emission

spectra of, 149f, 150, 151,
151f

schematic diagram of
experimental setup, 139f

2-step method using scCO2,
142s, 148

TEM images of, 150, 150f
UV-Vis spectra of, 151, 151f,

152, 152f
sample beads before and after

treatment of scCO2, 148, 148f
Poly(3-hexylthiophene), on CNTs

crystallization process of, 116f
supramolecular structures, 114

AFM height images, 114, 115f
TEM images of, 113f, 114

Poly(3-hexylthiophene), relative
crystallinity of, 129, 129f

Poly(3-hexylthiophene)-
b-poly(poly(ethylene
glycol)methyl ether acrylate), on
MWCNTs, 109, 111
in chloroform, toluene, methanol,

DMF, photographs of, 111,
113f

Poly(3-hexylthiophene)-b-
polystyrene block copolymers
CNTs dispersion by, 101

AFM analysis on, 102, 103f
in chloroform, toluene, THF

solvents, 101
EDX analysis on, 101, 102f

fluorescence spectroscopy
analysis on, 103, 104f

formation of honeycomb
structures from, 108, 110f

for nanocomposite
fabrication, 105, 106,
107f, 108f

Raman spectroscopy analysis
on electric properties of,
104, 105f

schematic illustration of, 98s
superhydrophobic films,

normalized resistance of,
109, 112f

TEM analysis on, 101, 101f
UV-Vis absorption

spectroscopy analysis
on, 103, 104f

synthetic scheme of, 100s
Poly(3-hexylthiophene)/fullerene

films
in DCB and chloroform vapor

treatment
hole mobility as function of

time, 125f, 126, 130, 132,
133f

TEM images of, 128, 128f
typical morphological SEM

images of, 126, 127, 127f,
128f, 132, 132f

UV-vis absorption spectra of,
130f, 131, 132, 133f

morphology and charge mobility,
tailoring of, 123

solar cells, power conversion
efficiency as function of time,
131f, 132, 134f

WAXD curves, P3HT relative
crystallinity calculated from,
129, 129f

Polymer electrolyte membrane, fuel
cells, degradation mitigation,
187, 198

Polymer nanocomposites
films and quantum dots, for light

selectivity, 137
SiO2-PVAc, TEM images of,

143f, 144
synthesis using scCO2, 144

Polymer-BaTiO3 nanocomposites,
41
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dielectric properties, 42
dielectric permittivity

constant, 40f, 42
electrical energy density, 43,

43f
with P (VDF-TrFE-CTFE)

cross-sectional FE-SEM
image of, 40f, 41

dielectric permittivity
constant versus loss
tangent, 40f, 42

DSC profiles of, 44f, 45
electrical energy density, 43,

43f
with P(VDF-CTFE)

dielectric permittivity
constant versus loss
tangent, 40f, 42

DSC profiles of, 44f, 45
electrical energy density, 43,

43f
TEM image of, 40f, 41

structure and morphology, 41
surface-modified particles in

DMF, particle size distribution
of, 38f, 41

thermal properties, 45
Polymer-ceramic nanocomposites

energy storage in,
nanostructure-level modeling
of, 1

nonlinear inclusions, 3
polarization curves for, 3, 4f
SSCL configurations, 4, 5f

Polymeric aggregates/bundles
edge-to-face and face-to-face

aggregation, 177, 178f
pure Nafion and MMT-

H+/Nafion, schematic
representation of, 175, 177f

Polymeric systems
SiO2-polymer interface, 13

atomic model and dielectric
constant of, 15f

silane-treated and untreated,
14

SiO2-vinylsianediol-PVDF, 16
LaDOS profile, 16, 17f
structure of, 16, 17f

Polymers, semiconducting
bandgap and energy levels

donor-acceptor approach for,
75

as function for PV
efficiencies/performance,
74

stabilized quinoid form
incorporation to, 76

PTB, molecular structures of, 76,
78f
mixed with PCBM,

characteristic properties of,
76, 78t

Polymer-TiO2 nanocomposites, 46
cross-sectional FE-SEM image,

45f, 46
dielectric properties, 46

dielectric permittivity
constant, 45f, 46

electrical energy density, 48f,
49

morphology, 46
with P(VDF-TrFE-CTFE) and

P(VDF-CTFE)
dielectric permittivity

constant versus loss
tangent, 45f, 46

DSC curves/profiles of, 49f,
50

electrical energy density, 48f,
49

microstructure, effect of TiO2
nanoparticles on, 50

WAXD spectrum of, 50, 51f
Poly(2-methoxy-5-(3,7-

dimethyloctyloxy)-1,4-
phenylenevinylene)
as electron donor and molecular

structure of, 56f
Poly[2-methoxy-5-(2-

ethylhexyloxy)-1,4-(1-
cyanovinylene-1,4-phenylene)]
molecular structure of, 56f
with PCBM blend

carbonyl stretch/bleach, 55,
57f, 58f

electric field formation, 60,
61f

interfacial electron transfer
dynamics in, 55

linear IR absorption spectrum
of, 55, 57f
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Polystyrene contents, 27f, 28, 29t
Poly(vinylidene fluoride)

crystallinity, 28
α-crystals/phases, 28
β-crystals/phases, 28

discharged energy density
profiles
as function of applied electric

field, 33, 33f
as function of discharge time,

30, 32f
dissipation factor as function of

frequency for, 34, 34f
space charge distribution, 33, 34,

35f
WAXD profiles/patterns, 28, 30f

biaxially oriented, 29, 31f
Poly(vinylidene fluoride-co-

chlorotrifluoroethylene)
with BaTiO3 nanocomposites

dielectric permittivity
constant versus loss
tangent, 40f, 42

DSC profiles of, 44f, 45
electrical energy density, 43,

43f
TEM image of, 40f, 41

dissipation factor as function of
frequency for, 34, 34f

1H and 19F NMR spectra of, 27f,
28

SEC results for, 28, 29f
with TiO2 nanocomposites,

dielectric permittivity
constant versus loss tangent,
45f,

Poly(vinylidene fluoride-co-
chlorotrifluoroethylene)-graft-
polystyrene copolymers
characterization of, 28, 29t
crystalline morphological

characterization in, 28, 30f
dielectric properties of, 30
discharged energy density

profiles
as function of applied electric,

33, 33f
as function of discharge time,

30, 32f
dissipation factor as function of

frequency for, 34, 34f

fast discharge and low
loss by confined
ferroelectrics/dielectrics,
23, 33, 34

1H and 19F NMR spectrum of,
27f, 28

space charge distribution, 33, 34,
35f

synthesis of, 27s, 28
uniaxially oriented, WAXD

patterns for, 29, 31f
Poly(vinylidene fluoride-
ter-trifluoroethylene-
terchlorotrifluoroethylene)
with BaTiO3 nanocomposites

cross-sectional FE-SEM
image of, 40f, 41

dielectric permittivity
constant versus loss
tangent, 40f, 42

DSC profiles of, 44f, 45
electrical energy density, 43,

43f
with TiO2 nanocomposites

dielectric permittivity
constant versus loss
tangent, 45f, 46

DSC curves/profiles of, 49f,
50

WAXD spectrum of, 50, 51f
Power conversion efficiency, of

P3HT/C60 solar cells as function
of time, 131f, 132, 134f

Pyrolysis synthesis of CdS-ZnS
core-shell/CdS QDs, 146

Q

Quantum dots
bare CdS and CdS-ZnS core-shell

synthesis of, 140s, 147f, 150,
150f
by pyrolysis, 146

ligand exchange, CdS-ZnS
core-shell with MPTMO,
142s, 147, 148f

and PEVA nanofilms synthesis,
146, 148
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photoluminescence emission
spectra of, 149f, 150, 151,
151f

schematic diagram of
experimental setup, 139f

2-step method using scCO2,
142s, 148

TEM images of, 150, 150f
UV-Vis spectra of, 151, 151f,

152, 152f
in polymer nanocomposite films

for light selectivity, 137
synthesis of, 146

Quantum mechanics. See First
principles

Quinoid forms, stabilized
incorporation to semiconducting

polymers bandgap, 76
poly(benzo[c]thiophene), 76, 76f
poly(thieno[3,4-b]pyrazine), 76f
poly(thieno[3,4-b]-thiophene),

76, 76f

R

Raman spectroscopy analysis, 104
spectra of P3HT-b-PS/SWCNT

and pristine SWCNTs, 105f
Reactivity ratios, of ethylene and

VAc copolymerization, 145
versus reaction temperature/

pressure, 145, 146f
Reflectance

hemispherical versus
wavelength, 89, 91f

weighted on different textured
surfaces, 89, 91t

Regioregular poly(3-
hexylthiophene)
blended with PCBM, solar cell,

74
as electron donor and molecular

structure of, 56f
Relative crystallinity, of P3HT

calculated from P3HT/C60
WAXD curves, 129, 129f

Relative humidity, versus ionic
conductivity of Nafion
membranes, 181f, 182

Relative selectivity, of
nanocomposites with PTA
and ZrP, 166f, 167

S

Scanning electron microscopy
analysis, 108
cross-section images of Au

layer assisted Si etching in
HF/H2O2, 83f, 84, 84f, 86

image of honeycomb
structures formed from
P3HT-b-PS/MWCNT
dispersions, 108, 110f

images of P3HT/C60 films as
function of time
in chloroform vapor

treatment, 126, 127f,
132, 132f

in DCB vapor treatment, 127,
128f, 132, 132f

Selectivity, 183
apparent

for HS30SIT/Nafion, 182f,
183

for MMT-H+/Nafion, 182f,
183

for MMT-Na+/Nafion, 182f,
183

for TEOS:SIT/Nafion, 182f,
183

definition of, 183
Silane treatment on SiO2-polymer

interface, 14
Silica support, 196, 196f

over metal nanoparticles, 193,
194f
total FERs with addition of,

199, 199f
Silicon dioxide-polymer interface

system
atomic model and dielectric

constant, 15f
dielectric permittivity, 13
electron-phonon interactions, 18,

18f
silane-treated and untreated, 14

Silicon dioxide-poly(vinyl acetate)
nanocomposites, 143f, 144
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Silicon surfaces
etching, Au layer assisted in

HF/H2O2
contact angles and hysteresis
versus etching time, 87,
88f

etching time-depth
relationship, 83f, 84

SEM cross-section images of,
83f, 84

surface morphology size scale
images, 85f, 86, 86f

images with Au layers of
different thickness, 84f, 86

for solar cell applications, 81
two-scale structures in

HF/H2O2/H2O, 87
contact angle and contact

angle hysteresis of, 88, 90f
Si pyramid surfaces and cross

sections of, 88, 89f, 90f
Silver nanoparticles

supported on silica
TEM micrographs, 196, 197f
XRD spectra of, 193, 194f

TEM micrographs, 196, 196f
total FERs with addition of, 198,

198f
Size-exclusion chromatography,

results for P(VDF-CTFE)/
P(VDF-CTFE)-g-PS
copolymers, 28, 29f

Small angle X-ray scattering
patterns/profiles
of HS30SIT/Nafion and

TEOS:SIT/Nafion
membranes, 176

of pure Nafion and
MMT-H+/Nafion, 174, 176f

of P(VDF-CTFE)-g-PS, 28, 30f
Sodium montmorillonite/Nafion/

water system
apparent selectivity, 182f, 183
cryo-TEM image of, 177, 179f
DMA on, 179
edge-to-face and face-to-face

aggregation, schematic
representation of, 177, 178f

ionic conductivity as function of
relative humidity, 181f, 182

methanol permeability, 182

phase diagram of, 177, 178f
storage modulus as function of

T, 179, 180f
Solar cells

P3HT/C60, power conversion
efficiency as function of time,
131f, 132, 134f

Silicon surfaces for applications
of, 81

Space charge distribution, in PVDF
and P(VDF-CTFE)-g-PS, 33, 34,
35f

Spheres-in-a-simple-cubic-lattice
configurations
ceramic-polymer composite

stored energy
at high saturation inclusion, 4,

6f
at low saturation inclusion, 4,

5f
of nonlinear inclusions

finite difference simulations,
4, 5f

schematic and geometry, 4, 5f
Storage modulus, of

montmorillonites/Nafion, as
function of T, 179, 180f

Supercritical carbon dioxide
copolymerization of ethylene

and Vac, 145
reactivity ratios versus

reaction temperature/
pressure, 145, 146f

in situ FTIR waterfall plot of,
144f, 145

image before and after treatment
to PEVA, 148, 148f

polymer nanocomposites
synthesis in, 144

QD-PEVA nanofilms in, 2-step
synthesis of, 142s, 148

T

Temperature dependency, of
dielectric permittivity and loss
tangent, 41f, 42, 47f, 48

TEOS:SIT/Nafion membranes, 175,
176
apparent selectivity, 182f, 183
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ionic conductivity as function of
relative humidity, 181f, 182

methanol permeability, 182
SAXS patterns/profiles of, 176
TEM images of, 176

Tetrahydrofuran solvent, 101
Titanate-like nonlinear

polymer-ceramic inclusions
polarization curves for, 3, 4f
SSCL configurations, 4, 5f

Titanium dioxide interfacial layer,
77

Toluene solvent, 101, 111, 113f
Transmission electron microscopy

analysis, 101
bare CdS QDs images, 146, 147f
cross-sections of MMT-H+/

Nafion membranes images,
174, 175f

dark field image of
P3HT-b-PS/MWCNT, 102f

higher resolution images
of homogenous coverage of

CNT by P3HT-b-PAA,
110, 112f

of MWCNT/P3HT-b-PS
thin layer and pristine
MWCNT, 101, 101f

HS30SIT/Nafion and
TEOS:SIT/Nafionmembranes
images, 176

micrographs images of, 196
Ag and Au nanoparticles, 196,

196f
Au supported on SiO2

nanoparticles, 196, 197f
SiO2 support, 196, 196f

MMT-Na+/Nafion hybrids cryo
images, 177, 179f

P3HT supramolecular structures
on MWCNTs images, 113f,
114

P3HT-b-PAA/MWCNT images,
110, 112f

P3HT-b-PS/MWCNT,
P3HT-b-PS/SWCNT images,
101, 101f

P3HT/C60 films in DCB and
chloroform vapor treatments
images, 128, 128f

P(VDF-CTFE)-BaTiO3
composites images, 40f,
41

SiO2-PVAc nanocomposites
images, 143f, 144

synthesized CdS-ZnS core-shell
QDs images, 146, 147f, 150,
150f

Trap states. See Defects states

U

Ultrafast infrared spectroscopy, on
OPV polymer blends free carrier
formation, 53

UV-vis absorption spectroscopy
analysis, 103
spectra absorbance

of metal nanoparticles, 197,
197t

of pure P3HT-b-PS and
P3HT-b-PS/SWCNT in
chloroform, 103, 104f

V

Vinyl acetate, and ethylene
copolymerization in scCO2, 145
reactivity ratios versus reaction

temperature/pressure, 145,
146f

in situ FTIR waterfall plot of,
144f, 145

W

Water self-diffusion coefficients in
nanocomposite with PTA and
ZRP, 165f, 166

Water uptake and conductivity in
nanocomposite with PTA and
ZRP, 162f, 163

Wave function, electronic, 14, 16
Wavelength versus hemispherical

reflectance, 89, 91f
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Wide-angle X-ray diffraction
analysis, profiles/spectra/curves,
193
of P3HT/C60, 129, 129f
of PVDF, 28, 30f

biaxially oriented, 29, 31f
of P(VDF-CTFE)-g-PS
graftcopolymer films, 28,
30f
uniaxially oriented, 29, 31f

of supported Ag, Au, Pt and Pd
nanoparticles on silica, 193,
194f

of supported Pt on CeO2
particles, 193, 194, 195f

of synthesized in-house CeO2
nanoparticles, 193, 194, 195f

of TiO2 nanocomposites and
P(VDF-CTFE-TrFE), 50, 51f

Z

Zirconium phosphate, effect on
nanocomposites
electro-osmotic drag coefficients

as function of T, 164f, 165
methanol permeability as

function of T, 163, 164f
water self-diffusion coefficients,

165f, 166, 167
water uptake and conductivity,

162f, 163

226

D
ow

nl
oa

de
d 

by
 8

9.
16

3.
35

.4
2 

on
 J

un
e 

21
, 2

01
2 

| h
ttp

://
pu

bs
.a

cs
.o

rg
 

 P
ub

lic
at

io
n 

D
at

e 
(W

eb
):

 M
ar

ch
 1

1,
 2

01
0 

| d
oi

: 1
0.

10
21

/b
k-

20
10

-1
03

4.
ix

00
2

In Functional Polymer Nanocomposites for Energy Storage and Conversion; Wang, Q., et al.; 
ACS Symposium Series; American Chemical Society: Washington, DC, 2010. 


	bk-2010-1034_cover
	bk-2010-1034.fw001
	bk-2010-1034.pr001
	bk-2010-1034.ch001
	bk-2010-1034.ch002
	bk-2010-1034.ch003
	bk-2010-1034.ch004
	bk-2010-1034.ch005
	bk-2010-1034.ch006
	bk-2010-1034.ch007
	bk-2010-1034.ch008
	bk-2010-1034.ch009
	bk-2010-1034.ch010
	bk-2010-1034.ch011
	bk-2010-1034.ch012
	bk-2010-1034.ch013
	bk-2010-1034.ix002

